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Zusammenfassung

Diese Arbeit befasst sich mit der Oxidation von Titannitrid (TiN) und Cobalt/Chrom

(CoCr). Beide Materialien haben sich in einer Vielzahl von technologischen Anwendun-

gen, insbesondere als Träger- oder Beschichtungsmaterialien in biomedizinischen Im-

plantaten bewährt. TiN and CoCr Oberflächen oxidieren spontan in Kontakt mit Luft,

mit wässrigen Lösungen oder in einem stark oxidierendem Umfeld wie dem Inneren des

menschlichen Körpers. Dabei bildet sich auf der Oberfläche ein passivierter, dün-

ner Oxidfilm, welcher das Material vor weiteren Oxidationsvorgängen schützt. Diese

Oxidschicht bestimmt weitgehend die chemischen, physikalischen und tribologischen

Wechselwirkungen des Materials mit der äusseren Umgebung.

Ziel dieser Arbeit ist es, eine Aufklärung der Oxidationsmechanismen bei niedri-

gen Temperaturen und ein atomistisches Modell der oxidierten Oberflächen von TiN

und CoCr Legierungen zu gewinnen. Für das CoCr system war es erforderlich, in

Hinblick auf Segregationsvorgänge in Legierungen, vorerst statische Berechnungen der

Oberflächenkomposition sowohl im Falle von blanken Metalloberflächen als auch in

Anwesenheit von adsorbierten Sauerstoffatomen durchzuführen. Darüber hinaus wur-

den Reaktionen von O2-Molekülen mit den blanken Cobalt- und Chrom Oberflächen,

mit CoCr- und TiN Oberflächen durch zahlreiche “First-principles”Molekulardynamik

Simulationen untersucht.

Bei diesen Simulationen stellte sich heraus, dass Cobalt und Chrom sehr unter-

schiedliche Oxidationsmechanismen vorweisen, welche hervorragend mit den gegebe-

nen experimentellen Informationen übereinstimmen. Die Oxidation von Cobalt zeich-

net sich bereits bei niedriegen Sauerstoff-Bedeckungen durch Austauschprozesse zwis-

chen Sauerstoff- und Metallatomen aus. Diese ermöglichen die Bildung einer pseudo-

amorphen Struktur mit deutlichen Co3O4 Merkmalen. Chrom hingegen neigt zu der

Bildung von perfekten Sauerstofflagen und zu einem epitaxialen Oxidwachstum. Dabei

findet die Diffusion von Cr-Atomen nur nach Überwindung relativ hoher Energiebar-
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vi Zusammenfassung

rieren statt, was meist durch thermische Anregung aktiviert werden muss. Die Ox-

idation von CoCr besitzt Eigenschaften, die zwischen denen von purem Cobalt und

purem Chrom liegen. Trotz der höheren Sauerstoffaffinität von Chrom, bildet sich ein

amorphes Cobalt-Oxid-Netzwerk, welches die Mobilität von Chrom begünstigt. Die Cr-

Atome verlassen die Oberfläche somit bereits bei niedrigeren Sauerstoff-Bedeckungen

als in der puren Cr-Oberfläche und bilden hoch-oxidierte Strukturen innerhalb der

Cobalt-Matrix.

Titannitrid verhält sich wiederum ganz anders. Die selektive Oxidation der Titan-

Atome findet ohne Platzaustausch von Sauerstoff- und Metallatomen statt. Eine

dünne Titanoxid-Struktur bildet sich auf der Oberfläche während im TiN-Gitter Titan-

Leerstellen hinterlassen werden. Die Stabilität und Segregation der Leerstellen wurde

detailliert mit Hilfe von ab initio Thermodynamik untersucht. Es stellte sich heraus,

dass Leerstellen an der Grenzfläche zwischen Metall und Oxid thermdynamisch stabil

sind und eine wichtige Eigenschaft der Oxidation von TiN darstellen. Es wird ver-

mutet, dass die Bildung von Stickstoffgasen, welche experimentell beobachtet wurde,

genau an diesen Titan-Leerstellen stattfinden kann.

Zusammenfassend wurden die Oxidationsmechanismen auf unterschiedlichen Met-

alloberflächen aufgeklärt und die atomistische Struktur von oxidiertem TiN, Co, Cr

und der CoCr-Legierung enthüllt. Diese sind u.a. Grundvoraussetzung für eine zukün-

ftige Analyse der Wechselwirkung der betrachteten Matrialien mit einem biologischen

Umfeld, insbesondere der Adsorption von Proteinen auf der Metalloberfläche.



Introduction

Oxidation phenomena on metal surfaces represent a vast field of basic scientific inter-

est and play a key role in many technological and environmental processes, such as in

electronic devices and mechanical tools, in heterogeneous catalysis, in corrosion, and in

bioactivity. The formation of oxide films on the surface of metals has been studied for

many decades [1,2], using both experimental techniques and theoretical models. How-

ever, the complexity of the subject still leaves a number of open questions and a need for

further investigations. In particular, oxidation reactions at and below room tempera-

ture are scarcely treated in the literature if compared to those at high-temperature. All

materials employed in biomedical devices operate under room-temperature conditions

and are exposed to a highly reactive chemical environment. It is the oxide layer formed

on a metallic surface after exposure to air that governs the chemical, mechanical, and

electronic interaction between the material and the biological system and thus is re-

sponsible for the bioactivity of implant surfaces. A precise knowledge of the oxidation

process and of the chemical and physical properties of the passivating oxide layers is

therefore required in order to cope with complex key processes as corrosive attack, ion

leaching, and protein adsorption on implant surfaces.

In this thesis, I concentrate on titanium nitride (TiN) crystals and cobalt/chromium

(CoCr) alloys. Both materials are well-established in a variety of technological applica-

tions and in particular as biocompatible materials for medical implants. TiN and CoCr

are known to oxidize with formation of a stable, ultrathin, passivating oxide film acting

as a protective layer against further oxidation and corrosion. Despite the amount of

experimental data on the properties of the oxidized surfaces, the oxidation mechanisms

of TiN and CoCr remain unknown, and information about the atomistic structure and

composition of the native oxide films at low temperatures is not available.

Beside experimental techniques, a powerful tool for the atomic-scale investigation

of materials is first-principles modeling based on density-functional theory (DFT) and

Car-Parrinello molecular dynamics [3]. This technique has the quantum-mechanical

accuracy necessary to provide information on the geometry of the stable structures, on

the nature of the interactions as well as on the dynamical processes, without the need

1



2 Introduction

of empirical input parameters. With only a few exceptions, structural and electronic

properties of materials achieved within DFT formalisms found excellent agreement with

experimental results. Computer simulations offer a complementary approach that can

effectively integrate the experiments [4]. For instance, the combination of scanning

tunneling microscopy images and calculated thermodynamic phase diagrams has been

established as a successful and reliable tool. A drawback of DFT-based techniques is the

limited size of the model systems, confined to a few hundreds of atoms, and the short

time scale accessible, lying in the range of a few picoseconds. Despite the increasing

availability and power of computational resources and the efficiency of theoretical for-

malisms, the computational effort of first-principles modeling is extremely demanding

and requires a high performance. Nevertheless, atomistic simulations at the quantum

level are prerequisite for lager-scale atomistic studies at the classical level, where ab

initio or experimental input parameters are needed.

Here, I present a detailed atomistic study of the oxidation mechanisms on the

CoCr(0001) and the TiN(110) surfaces. Before considering the oxidation process of

a CoCr alloy, a preliminar study of the composition of the alloy surfaces and the in-

teraction among the constituents is indispensable. Indeed, the oxidation behavior of

the CoCr alloy system is governed by two main factors: i) the surface segregation

process in vacuum, prior to the reaction with oxygen; ii) the oxidation mechanisms

of the separate elements, necessary to understand their individual influence on the

mechanism of oxide formation in the alloy. The first point is studied through static

total-energy calculations, while the second one is performed via molecular dynamics

(MD) simulations of the initial oxidation of a pure cobalt and a pure chromium sur-

face. The knowledge gained from these studies provides an essential basis for dealing

with one of the main tasks arising in the oxidation of binary compounds: the selec-

tive oxidation of one of the constituents. This process leads to the adsorbate-induced

segregation of one component on the surface, induced e.g. by element-specific reac-

tivity towards oxygen. For instance, Cr oxidizes preferentially in Co, Fe or Ni alloys

with formation of a thin film mainly composed of Cr2O3. Nevertheless, neither the

mechanism of oxide nucleation nor the differences with respect to the oxidation of pure

chromium are known. Also titanium nitride is characterized by the selective oxidation

of titanium and an initial non-reactivity of nitrogen. During this process, Ti atoms

are extracted from the surface plane, leaving behind vacancies in the underlying TiN

lattice. However, the vacancies’ thermodynamic stability and their potential role as

sites for nitrogen gas formation have not been investigated so far. This can be done

through detailed ab initio-thermodynamics studies complemented by MD simulations.

Indeed, only an analysis of the interplay between thermodynamically stable features
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and kinetically driven, metastable features arising during MD simulations enables a

deep, overall knowledge of the oxidation reaction.

The thesis is organized according to the following plan. The first part of Chapter 1

provides an introduction to biomaterials, with particular attention to TiN and CoCr.

In the second part, two kinetic oxidation models for the growth of oxide films are pre-

sented, in direct comparison with experimental results for the oxidation of Aluminum.

A focus is set on the low-temperature oxidation and on thin film growth. Chapter 2

deals with the theoretical framework and the atomistic techniques used. In Chapter

3, the computational and simulations details are summarized first. Then, preliminary

calculations of the bulk and surface properties of pure cobalt, chromium and TiN are

presented, refering to experimental data. The oxidation of TiN on the basis of first-

principles MD simulations is presented at the beginning of Chapter 4, followed by a

detailed ab initio thermodynamics study of vacancy segregation processes in the ox-

idized structure. Chapter 5 deals with the chemical composition of a Co67Cr33 alloy

surface in vacuum and in the presence of oxygen on the basis of static total-energy

calculations. In Chapter 6, I present first-principles MD simulations of the initial oxide

formation on Co(0001), on Cr(110) and on two different Co67Cr33(0001) model surfaces.

An extensive analysis of the oxidized systems is provided, together with a comparative

study of the oxidation mechanisms in the pure metals and in the alloy. The main re-

sults of this thesis are summarized in the final Summary and perspectives, concluding

with future developments of this work.
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Chapter 1
Oxidation and biocompatibility

Oxidative phenomena on biomaterials surfaces are of deep scientific importance, since

the skin of native oxide which covers the surface governs the chemical and physical

interactions of the material with the outer environment. Understanding and predict-

ing the behavior of implants under the chemically aggressive physiological conditions

requires a precise knowledge of the structure and composition of its ultrathin oxide

layer. This forms spontaneously when a bare surface is set in contact with an oxidizing

medium.

In Sec. 1.1, the main features of the interaction between a biocompatible material

and a biological system are presented. An overview of the classes of biocompatible

materials and a zoom-in on titanium nitride and cobalt/chromium alloys is provided.

In Sec. 1.2, the kinetic oxidation models of Wagner [5] and Cabrera and Mott [1] are

introduced, with particular attention to the initial oxidation phase at low temperature.

Moreover, the common experimental techniques employed for studying the oxidation

of metals are presented.

1.1 Biocompatible materials

A biomaterial can be defined as a material that is used in medical devices to augment

or replace the functions of body tissues and organs [6, 7]. In most cases, biomaterials

are placed within the interior of the human body where they are exposed to body

fluids. The characteristics of the interaction between the material and the biological

system and the chemical processes at the interface determine the biocompatibility of

the material in a particular environment and for a specific function.

The interaction, called biological performance, is ongoing throughout the in vivo

lifetime of the device and has to be considered as a two-way process between the

5



6 Chapter 1. Oxidation and biocompatibility

Figure 1.1: Scanning electron microscope (SEM) images of explanted TiN-coated titanium hip
prostheses heads. The presence of a compact mineral deposit, identified as a calcium phosphate
phase, is clearly visible (taken from Ref. [8]).

implanted material and the biological system [7]. On the one hand, the material invokes

a host response which can be of various character. A positive reaction, for some implant

biomaterials, is the induced formation of bone-like material on the implant surface

through deposition of calcium phosphate from the body fluid, known as calcification

(see Fig. 1.1). However, other materials are not intended to calcify, since mineral

deposits can affect their function. In the worst case scenario, the implant may cause

inflammation, immunological reactions, tumor formation or infections. On the other

hand, the biological environment is characterized by high chemical activity and a broad

spectrum of mechanical stresses. This remarkably aggressive conditions lead to so-

called biodegradation of the implant, which can occur within minutes or over years.

The continuous or cyclic stress many biomaterials are exposed to can cause abrasion,

fatigue and flexure. In addition, the aqueous, ionic environment may provoke specific

biological mechanisms, involving powerful oxidizing and degradative agents, as e.g.

proteins and cell secretes. In particular, metals are expected to be susceptible to

corrosion in biological environment. Even strongly passivated metals do exhibit a

finite rate of ion diffusion through the oxide layer, and a possible dissolution of the

layer itself upon prolonged exposure.

The various material requirements that must be met for a successful joint replace-

ment can be summarized in terms of:

• Compatibility : Appropriate implant devices are intended to resist chemical and

biochemical degradation (e.g. corrosion) and to have a minimal leaching of struc-

tural components or additives. Nontoxicity and noncarcinogenicity are essential.

• Mechanical properties: Implant materials should possess an acceptable ultimate

strength to sustain external loads, coupled with elasticity and ductility. The sur-
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face coating of a metal must exhibit a high hardness to resist wear and abrasion.

• Manufacturing : The material has easily to be formed or machined into different

shapes, together with relatively low overall costs.

The high demands on implant devices considerably restricts the number of candidate

materials. Ideally, their specific bulk and surface properties must be known prior to

the medical application and must be known in terms of alterations that may take

place over time. In particular, a precise knowledge of the oxidation process and of the

characteristics of the passivated oxide layers is required in order to cope with the severe

problem of corrosive degradation of implant surfaces.

1.1.1 Classes of biomaterials

Biomaterials are divided into four major categories: polymers, metals, ceramics, and

composites [6].

Synthetic and natural polymers constitute the largest class of biomaterials. Syn-

thetic polymers range from hydrophobic materials such as silicone rubber, polyethylene

(PE) and polymethylmethacrylate (PMMA) to more polar materials as polyvinylchlo-

ride (PVC), nylons, water-swelling and water-soluble materials. This class includes also

the bioresorbable materials and degradable synthetic polymers, used for short-term ap-

plications that require only the temporary presence of a device. Natural polymers take

the advantage of being similar to macromolecular substances of the biological envi-

ronment and thus easily recognizable by the body. In addition, they circumvent the

problems of toxicity and the stimulation of a chronic inflammatory reaction, which

are often related to synthetic materials. This applies for proteins (e.g. collagen, fib-

rinogen, silk, elastin), polysaccharides (cellulose, amylose, chitin), and polynucleotides.

The broad range of applications of polymeric biomaterials includes orthopedic, dental,

soft tissue, and cardiovascular implants.

Ceramics (including carbons, glasses and glass-ceramics) and composites (mainly

carbon and polymer fibers) are principally used in the field of dentistry as restorative

materials for crowns, cements and dentures. Moreover, Al2O3 is increasingly used as

material in artificial joint replacements, especially for the head of hip prostheses.

Particularly relevant for this thesis are metallic biomaterials. They uniquely pro-

vide adequate material properties such as high corrosion resistance, fatigue strength,

ductility, fracture toughness, hardness, formability and superior wear performance that

are necessary for most load-bearing implants in orthopedic devices. The two main ap-

plications of metallic implants are fixation plates for fracture stabilization, including
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wires and screws, and prostheses for total joint replacements, e.g. for hips, knees,

shoulders, ankles, elbows, etc. In addition to orthopedics, metals are used in facial and

cardiovascular surgery, and as dental applications.

Multicomponent metallic implant alloys are divided in three main classes: stainless

steel alloys, pure titanium and Ti-alloys, and cobalt/chromium-based alloys. These ma-

terials have to meet certain chemical and metallurgical specifications given by ASTM

(American Society for Testing and Materials) or ISO (International Standards Or-

ganization) standards. Alloy specific differences in strength, ductility, and hardness

generally determine which of these alloys is used for a particular implant component

or application.

The most common steel for implant use is the 316L alloy, predominantly composed

of iron (60–65%) with significant alloying additions of chromium (17–20%) and nickel

(12–14%), and minor amounts of nitrogen, manganese, molybdenum, phosphorus, sili-

con and sulfur [6]. The carbon content is kept below 0.03% in order to reduce carbide

formation at grain boundaries and in vivo corrosion. However, the lower strength

and corrosion resistance of stainless steels with respect to titanium- and cobalt-alloys

makes them a secondary choice for most applications. Nowadays, they are used in knee

arthoplasty, for fracture fixation, stents and surgical instruments.

Titanium is used for biomedical devices either as commercially pure (CPTi) metal,

sometimes with addition of interstitial elements (O, C, N), or as an alloy, principally

the Ti-6Al-4V alloy. Although CPTi is mainly used in dental applications, the stability

of its oxide layer and its relatively higher ductility with respect to Ti-alloys has led to

the use of CPTi in porous coatings. Ti-alloys are used for bone and joint replacement

components because of their superior mechanical properties. Moreover, the torsional

and axial stiffness of Ti alloys are closer to those of the bone and are expected to

provide less stress shielding than Co alloys or steels. However, titanium has poor

wear and frictional properties and is particularly susceptible to fretting corrosion. The

addition of interstitial elements in pure titanium has been found to strengthen the

material, with nitrogen having twice the hardening effect of either carbon or oxygen.

Coating of implants devices with titanium nitride (TiN) significantly reduces wear and

corrosion and improves the fatigue resistance and the device lifetime [8] (see Fig. 1.2).

Titanium nitride and cobalt/chromium alloys, which are the topic of this thesis,

will be treated with more detail in the next Section.
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Figure 1.2: Scanning elec-
tron micrograph image (cross
section) of TiN deposited by
physical vapour deposition on
sandblasted Ti-6Al-4V (taken
from Ref. [9]).

1.1.2 Titanium nitride

TiN is widely used in orthopedic implants as coating material for the heads of hip

prostheses, of dental implants and for dental surgery tools [9, 10]. Figure 1.2 shows

surface details of a TiN porous coating on a Ti-6Al-4V alloy surface in cross section.

The TiN coating is commonly assumed to be passivated by an ultrathin oxide layer

that limits oxygen diffusion, hence acting as a protective layer against further oxidation

and corrosion [11, 12]. It is the chemical, mechanical and electronic properties of the

oxide layer that govern the behavior of TiN-based materials in most technological

applications, especially those under oxidizing conditions or in aggressive environments.

Besides biomedical devices, this holds primarily for TiN hard coatings on cutting

and forming tools [13, 14] and semiconductor devices [15–17]. In silicon micro-opto-

electro-mechanical-systems, the undesired effect of bleaching in the reflectance of silicon

micromirrors may be directly related to the oxidation of the conductive TiN electrodes

and the subsequent charge trapping in the insulating titanium oxide [18]. On the

other hand, in some applications a TiN/TiO2 system is explicitly required. This is the

case of the fabrication of nonvolatile resistive random access memory devices, where a

nanometer-thick TiO2 anatase layer is grown on a barrier metal TiN thin film to act

as a resistive switching material [19].

The chemical and physical nature of the oxide on the surface of Ti-based materials

has attracted increasing attention in recent years. The nominal composition of the

oxide is TiO2, although the presence of mixed oxynitride phases can not be ruled out.

A detailed analysis of the mechanisms of oxide formation on a TiN(100) surface and of

the composition of the native oxide film will be the subject of Chap. 4.
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Figure 1.3: Chemical composition of CoCr-based alloys for implants (taken from Ref. [6]).

1.1.3 The Cobalt/Chromium alloy

The two main application areas for cobalt/chromium (CoCr) alloys are ortho-

pedics and cardiovascular surgery. Among many CoCr alloys available, the

cobalt/chromium/molybdenum (CoCrMo) alloy has established as the strongest, hard-

est, and most fatigue resistant of all metals used for bone and joint replacement. The

chemical composition of CoCrMo and of other cobalt/chromium-based alloys is listed

in Fig. 1.3.

According to ASTM standard specifications, CoCr alloys can be either cast, wrought

or forged [6, 20]. The CoCrMo (ASTM F75) cast alloy is melted at about 1440◦C and

then poured into ceramic molds of the device shape, and once solidified, the mold is

cracked away. The processing of the material continues with the hot isostatic pressing

(HIP), a process reducing the grain size and the porosity arisen from metal shrink-
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Figure 1.4: The phase dia-
gram of CoCr. The compo-
sition considered within this
work (33% Cr, 66% Co) is
characterized by a hexagonal
ε-Co phase.

age upon solidification. The carbon content of typically 0.25% in cast alloys leads to

grain-boundary carbides (Co23C6 or Cr23C6) that impart strength, hardness, and a

better scratch resistance while in vivo. Wrought alloys, as CoCrMo, CoCrWNi, and

CoNiCrMo usually present a lower carbon content (0.05 to 0.2%) and are character-

ized by a uniform microstructure with fine grains, which is responsible for a higher

fatigue strength. Thermomechanical processing via hot forging (at 800◦C) of cast or

wrought alloys leads to forged CoCrMo alloys (ASTM F799) with approximately twice

the fatigue, yield and tensile strength of the initial alloy. However, their microstructure

makes them unsuitable for porous coated applications.

The equilibrium phase properties of a Co-Cr binary system as a function of the

chromium content and the temperature can be determined from its phase diagram,

shown in Fig. 1.4. Under equilibrium conditions pure solid cobalt crystallizes in a

fcc lattice above 419◦C and in a hcp structure below 419◦C. For a typical chromium

content of about 19–30% and room temperature, a hexagonal ε-Co phase determines

the structure of the alloy. Indeed, depending on the processing history and the com-

position, transformations from a fcc matrix to a hcp phase have been observed for a

number of CoCr-based alloys. Hereby, the hcp phase emerges as fine platelets within

fcc grains [6].

Many of the properties of the alloys used for medical applications arise intrinsically

from the cobalt matrix, while the addition of other metals tunes to a certain degree

the mechanical, chemical and tribological properties of the resulting material. The

main attribute of the CoCr alloy is the corrosion resistance in chloride environments,

related both to its bulk composition and to the surface oxide. In general, the chemical
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composition of an alloy surface is not only different from the composition in the bulk,

but depends strongly on the atmosphere which the surface is set in contact with [21].

This leads to adsorbate-induced segregation of one component to the surface, induced

e.g. by element-specific reactivity towards oxygen. The high corrosion resistance of

Co, Fe or Ni alloys is imparted by the addition of chromium (20–30%), which selec-

tively oxidizes forming a thin, passivated oxide film mainly composed of Cr2O3 which

protects the surface [22–25]. This feature may be exploited to tune the mechanical

and electronic properties and improve the oxidation resistance of metallic materials.

Indeed, besides their use in orthopaedic applications, CoCr alloys are employed for per-

pendicular magnetic recording media. The latter have been found to be influenced by

the interaction of the thin CoCr film with impurity gases, in particular oxygen [26,27].

Despite the amount of experimental data, the oxidation mechanisms of CoCr alloys

remain unknown and information about the atomistic structure and composition of

the native oxide films is lacking. A detailed analysis of these features may contribute

significantly to a better understanding and control of the material properties and help

to enhance the performance and lifetime of technological devices.

1.2 Kinetics of oxide film growth

The growth of an oxide film on a surface has been treated theoretically by a number of

authors, many of them providing a kinetic expression for thin film growth – logarithmic,

inverse logarithmic, cubic, parabolic etc. (reviewed e.g. in Ref. [2]). In this Section,

the theory of Wagner [5] for the growth of thick films and the theory of Cabrera and

Mott [1] for thin film growth are summarized. Although experimental results reveal

significant deviations for several materials (Wagner’s theory) or are difficult to compare

with the theory (Cabrera and Mott), both models represent appropriate limiting cases

and provide a phenomenological and atomistic insight into the oxidation process. For

a deeper analysis of the validity of these theories refer to Ref. [28].

1.2.1 Wagner’s theory for thick film growth

A film can be regarded as thick when reaching about 0.5–1 μm thickness. Such films

are usually formed at elevated temperatures, and several theories predict a parabolic

growth law [2,5, 29,30].

In this Section, I present a description of the theory of thick film growth, originally

developed by Wagner [5], following the more recent derivation by Fromhold [30]. Wag-

ner’s model is based on the assumption that the rate determining process is given by
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Figure 1.5: Schematic representation of the transport mechanisms involved in the oxidation of a
surface. K stands for cations, A for anions and e for electrons. Lox is the thickness of the oxide layer.

diffusion of the reactants through the volume of the oxide. For thick oxide films, these

diffusion processes are thermally activated and thus take place at elevated temperatures

only. The diffusing species are represented by cations, anions and electrons, giving rise

to both electronic and ionic transport, as shown schematically in Fig. 1.5. In the case

of cation transport from the metal, the oxide growths at the oxide/gas interface, in the

case of anion (oxygen) transport, this occurs at the metal/oxide interface. Additionally,

both processes can take place simultaneously.

The electronic structure and the lattice defects of the oxide determine whether metal

ion transport dominates over that of oxygen ions, and whether electronic currents are

carried by electrons or holes. In any case, since the species are electrically charged,

their fluxes are determined both by gradients in their chemical potentials and by the

electric field developed by charge separation. This phenomenon is called ambipolar

diffusion. Moreover, in Wagner’s original model thermodynamic equilibrium is assumed

to exist at the metal/oxide and at the oxide/gas interface, so that the equations of

chemical equilibrium can be employed. Instead, inside the oxide a non-equilibrium

thermodynamical treatment of the whole system is required. In general, for a species

i the particle current density is given by [30]

ji = −Di
dCi(x)

dx
+ μiCi(x)E(x), (1.1)

with μi andDi denoting the mobility and the diffusion coefficient related by the Einstein

relation μi/Di = Zie/kBT , Ci representing the concentration of the ith diffusing species

at position x, and E(x) being the macroscopic electrostatic field.

Considering both ionic and electronic species with charge Zie, where e is the elec-

tronic charge, the requirement that the total charge transported through the film is

zero can be expressed by
∑

i Zieji = 0. This relation is called kinetic condition and

prevents sudden charge redistribution in the metal/oxide system, ensuring the steady-
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state evolution of the growth. Substituting Eq. 1.1 in the kinetic condition provides an

expression for E(x) as a function of the concentrations. Use of the pointwise charge

neutrality condition
∑

i ZieCi = 0, considering for simplicity only electrons (i=1) and

one ionic species (i=2), reduces the dependence to that of a single concentration [30]

E(x) =
D2 −D1

μ2 − μ1

d

dx
(lnC1(x)). (1.2)

Substitution into Eq. 1.1 yield:

j1 = −β
dC1

dx
, (1.3)

where β = (μ1D2 − μ2D1)/(μ1 − μ2) is a generalized ambipolar diffusion coefficient.

Integration of this expression throughout a film of thickness L gives the growth rate

dL(t)

dt
= Ωj1 =

Ωβ

L(t)
(C∗

1(0)− C∗
1(L)), (1.4)

where C∗
1(0) and C∗

1(L) are the effective bulk defect concentrations at the metal/oxide

and oxide/oxygen interfaces and Ω denotes the volume of oxide per metal ion. The

rate of growth dL/dt is thus proportional to 1/L, and integration gives the parabolic

law

L2(t) = κt, (1.5)

with the parabolic rate constant κ = βΩ(C∗
1(0) − C∗

1(L)). This term is temperature

dependent and follows a relation of the type κ = κ0exp[−Q/(RT )], where Q is the

activation energy of the oxidation reaction and T the temperature. The smallest rate

constants arise for Al2O3, SiO2 and Cr2O3, which exhibit a slow growth and thus are

often employed as protective, corrosion-resistant layers.

However, the Wagner parabolic law is valid only under specific conditions, most of

which were defined in the original papers. In many cases it is found experimentally that

there are significant deviations from the exact parabolic kinetics. A good quantitative

agreement has been only obtained for the oxidation of cobalt with formation of CoO

and its subsequent oxidation into spinel Co3O4 (see Ref. [31] and references therein).

An optical micrograph of the two-phase layered scale formed on cobalt at 800◦C is

shown in Fig. 1.6. In both oxidation steps, the rate determining process is represented

by outward diffusion of cations by means of cation vacancies. Moreover, experimental

data reveal that the growth of the Co3O4 layer involves mainly cation diffusion along

grain boundaries from the CoO/Co3O4 interface to the Co3O4/gas interface. Here, the

CoO layer presents large grains (∼10 μm width), while those in the Co3O4 phase are

significantly smaller (< 3 μm).
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Figure 1.6: Optical micrograph
of a cross section through a double-
layered scale formed on cobalt at
800◦C after 25 h in pure oxy-
gen at 1 atm pressure (taken from
Ref. [32]).

1.2.2 Thin film growth: the Cabrera-Mott model

Temperature-dependent growth

While thick film growth occurs only at high temperatures (above 500◦C), the growth

of thin films with thicknesses below 100 Å takes place at all temperatures and following

different, temperature-dependent pathways.

Oxidation at low temperatures is defined to occur at temperatures near or below

25◦C, where the activation energy for formation of a thin oxide layer is very small or

nearly zero. It is characterized by an initial regime of fast oxide-film growth, starting

with adsorption and dissociation of oxygen molecules on the clean metal surface and

oxide nucleation, and continuing until the oxide-film growth rate becomes virtually zero

and a limiting oxide thickness is reached. For this reason, low-temperature oxidation

is related to the growth of thin films only.

A model featuring the limiting thickness behavior of the oxide-film growth kinetics

was first proposed by Cabrera and Mott [1]. The first assumption is that electrons can

freely pass from the metal to the oxide surface to ionize adsorbed oxygen atoms. This

establishes a uniform field F = V/L in the film, which increases until the Fermi level

of the oxygen atoms is raised to that of the metal. The potential V is of the order of

1 V, and considering film thicknesses L between 10 and 100 Å, it gives rise to strong

fields of the order of 107 V/cm. Electrons are supposed to pass through the film either

by quantum mechanical tunnelling, if the oxide is sufficiently thin, or by thermionic

emission and diffusion for greater thicknesses, if the temperature is high enough.

The field created by electron transfer drives the slow ionic transport across the

film and causes it to thicken. While electrons continue to cross the film readily to

maintain zero current, cation migration is assumed to be the rate-controlling step.

This occurs with injection of a defect into the oxide either at the metal/oxide or at the

oxide/gas interface. In the former case, the defect is represented by an oxygen vacancy



16 Chapter 1. Oxidation and biocompatibility

Figure 1.7: Schematic diagram
showing the potential energy barri-
ers near the metal/oxide interface
during film growth as a function of
the position x. The electric field
generated by transfer of electrons
from the metal to oxygen lowers
these energy barriers (taken from
Ref. [2]).

or an interstitial metal ion, in the latter by an oxygen interstitial or a metal vacancy.

The potential energy of the metal atom, as it moves across the interface, is shown

schematically in Fig. 1.7. The activation energy W for the transition from the metal

into the oxide is greater than the activation energy U for the subsequent jumps through

the film. In the absence of a field, the probability for overcoming a barrierW is given by

ν exp(−W/kT ), where the vibration frequency ν is about 1012s−1. However, under the

influence of the developed electric field, the barriers for the interface and oxide jumps

are lowered by 1/2 qaF , where a is the distance between adjacent potential minima

and q is the charge of the migrating cation. The chemical reaction is assumed to be far

from equilibrium (in contrast to the assumption of the Wagner theory), as the barrier

for the jump in the reverse direction is large.

The rate of growth of the oxide is then given by:

dL(t)

dt
= NΩν exp

(
−W

kT

)
exp

( 1
2
qaV

kTL

)
, (1.6)

where N is the number of metal atoms per unit area which may jump through the

rate-limiting energy barrier W , Ω is the volume of oxide formed per metal ion, k is the

Boltzmann constant and T the temperature. Moreover, Cabrera and Mott calculated

a limiting thickness above which the growth rate falls below one oxide ML per 105s,

given by [1]:

Llim =
qaV

W − 39kT
. (1.7)

Thus, a critical temperature TC = W/39k exists. For T < TC the film grows to a

limiting thickness, while for higher temperatures there is no limiting thickness and the

initial rapid growth eventually turns into the parabolic type of growth.

However, a comparison between theory and experiment is much more challenging for

thin films rather than for thick films. Most physical quantities can only be roughly es-

timated, making quantitative predictions difficult within the Cabrera-Mott model [28].
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Figure 1.8: Initial oxide-film growth
kinetics for the oxidation of Al(431) at
various temperatures. For temperatures
below 600 K, the oxide film reaches a
limiting thickness, while for higher tem-
peratures it continues to grow (taken
from Ref. [33]).

Jeurgens and coworkers [33] analyzed the growth kinetics of aluminum oxide by thermal

oxidation of Al(431) providing estimated values for the Mott potential and the rate-

limiting energy barriers. Their analysis was focused on the initial oxidation kinetics

for temperatures ranging from 373 K to 773 K.

For temperatures below 673 K, the oxide-film growth process on Al(431) starts

with an initial regime of fast oxide-film growth which is self-limiting within less than

250 s, reaching a limiting oxide-film thickness. The latter increases with increasing

temperature and assumes values between 0.5 nm and 0.9 nm. For temperatures equal

to and above 673 K, the regime of fast initial growth is followed by a second stage of

much slower, but continuing oxide-film growth, where no limiting thickness is observed.

Figure 1.8 illustrates these behaviors.

The initial oxidation stage is characterized by a fast growth rate for all temper-

atures, supported by the high Mott field and by the fact that electron transport by

tunneling occurs at a much faster rate than cation transport. However, electron tunnel-

ing decreases with increasing oxide thickness, leading to a rapid break down of the Mott

potential and to a limiting thickness at low temperatures. Instead, for temperatures

above 600 K the contribution of cation transport under the influence of the concentra-

tion gradient becomes significant and electron transport through the thickening film

remains possible via thermionic emission, allowing for a second stage of much slower,

but continuing oxide-film growth.

The temperature-dependent growth rates are strongly correlated to the sticking

probability of O2 onto the surface. For aluminum, the sticking probability increases

with increasing temperature in the range of 243–600 K, indicating that dissociative

chemisorption of O2 is thermally activated, and decreases for T ≥ 600 K due to a high
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oxygen desorption rate. This leads for instance to a slower initial oxide growth rate for

T = 773 K than for 573 or 663 K, as can be seen in Fig. 1.8.

For some materials, oxidation proceeds by direct formation and growth of crystalline

oxide (as for Fe, Co, Ni, Cu, Zn, Mo), while in other cases an amorphous oxide is

formed which, depending on temperature, exposure time and thickness, subsequently

transforms into a crystalline oxide (for Al, Cr, Si, Ge) (see Ref. [34] and references

therein).

1.3 Initial oxidation at 0–300 K

The interaction of oxygen with a metal surface occurs as a sequence of three inter-

connected, sometimes overlapping steps: adsorption, absorption and oxide forma-

tion [2, 35]. Adsorption is characterized by chemisorption and possible dissociation

of oxygen on the outermost layer, up to a critical coverage and with a coverage de-

pendent sticking coefficient. Absorption takes place for higher oxygen exposures and

leads to formation of an oxygen enriched region, of oxide nuclei and intermediate oxide

structures. In the last step, the oxygen concentration exceeds a specific barrier and the

stable, stoichiometric oxide with the proper crystallographic structure is forming.

However, the nature of transition between a chemisorbed layer and an oxide film has

been poorly treated in the literature. At room temperature, oxygen adsorbs sponta-

neously on a clean metal surface and several monolayers of oxygen react with formation

of a thin oxide layer. It has been shown that spontaneous formation of a few monolayers

of oxide occurs even at temperatures as low as a few K [36, 37]. Hence, the activation

energy must be very small, perhaps even zero [35]. The rate of oxygen supply from the

gas phase to the surface is controlled by the number I of molecules hitting the surface

per unit time and area, which is given by the kinetic gas theory as

I = pO2/
√
(2πmkBT ), (1.8)

where pO2 is the gas pressure, m the mass of the oxygen molecule, kB the Boltzmann

constant, and T the temperature. Initially, almost every molecule that hits the metal

sticks on the surface and is adsorbed via a dissociative mechanism. For temperatures

below 300 K, the process is not thermally activated and the sticking probability ap-

proaches unity [35,38].

On the contrary, the subsequent place exchange between metal and oxygen atoms

is an activated process. A possible driving force for this process is the large electric

field developing at the interface, as proposed by Cabrera and Mott [1] and explained

in the previous Section. A second possibility is the high heat of adsorption of oxygen
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Figure 1.9: Left: STM images of a surface covered by various one-layer surface oxides (marked by
letters a–f) grown on a 3 ML thin Pd film. Right: Calculated structure models of three types of
PdxOy surface oxides. Oxygen atoms are shown in red. Simulated and measured STM images are
shown at the top and bottom of the right sides, respectively (taken from Ref. [41]).

on metals, which directly induces metal/oxygen place exchange processes and thus the

onset of formation of an oxide phase. Experimental findings state that oxide nucle-

ation can start at coverages as low as 0.2 ML [39]. Theoretical simulations based on

first-principles techniques [3] reveal that for materials as Al, Si and Ti oxide nucleation

occurs at 0.5 ML oxygen coverage [38,40]. In this work is shown that the same mecha-

nism holds also for cobalt, chromium, the cobalt/chromium alloy and titanium nitride,

where oxide formation starts at coverages between 0.5 and 1.0 ML.

The present thesis deals with the initial oxide formation at low temperatures,

prior to the beginning of diffusion-limited oxide growth. These processes occur on

a scale of picoseconds to nanoseconds, which makes them hardly accessible by com-

monly available experimental techniques. The latter are principally: X-ray photoelec-

tron spectroscopy (XPS), which gives information about the overall oxidation behavior

of a surface and the stoichiometry of the oxide film; ultraviolet photoelectron spec-

troscopy (UPS), which involves only the photoelectrons emitted from the valence band

and is used to identify molecular species on surfaces; low-energy electron diffraction

(LEED), providing details about the crystallographic structure, and scanning tunnel-

ing microscopy (STM), which provides atomistic information if coupled with atomistic

simulation techniques, as performed e.g. in Ref. [41] and shown in Fig. 1.9.

A powerful tool for gaining an insight in the atomistic structure of native oxide

films is provided by atomistic modeling at the quantum mechanical level, on the basis of

first-principles techniques [3]. The fast development of accurate theoretical formalisms,
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coupled with the increasing computational power, led quantum mechanical methods

to become the most effective technique to investigate chemical processes at the atomic

scale. A number of first-principles thermodynamical approaches have been established

for the study of the structure and composition of alloy surfaces, bulk oxides and thin

oxide layers on metal and alloy surfaces [21, 42]. These approaches provide details on

the thermodynamically stable oxide phases as a function of temperature and oxygen

pressure [43,44].

However, under normal atmospheric conditions, oxidation is expected to proceed

along a path bearing both thermodynamically stable and metastable features, and the

native oxide films can be of amorphous or crystalline nature [38, 45]. Indeed, the heat

generated upon O2 dissociation is distributed on a picosecond time scale through the

whole system, such that the oxide structures formed often do not reach the thermo-

dynamic ground state [46]. This issue will be extensively discussed in Chap. 4 and 6

on the example of FPMD simulations of the oxidation of TiN, Co, Cr and CoCr. Re-

garding the initial fast oxidation and its mechanisms, theoretical predictions about the

materials behavior can not be based only on thermodynamic data or equilibrium phase

diagrams. Information about the reaction pathway and the structure of intermediate,

metastable structures can be achieved, however, by means of first-principles molecular

dynamics (FPMD) methods.

The theoretical background for FPMD simulations is described in the next Chapter.



Chapter 2
First-principles molecular dynamics

In the theoretical study of materials, density-functional theory (DFT) has become

more and more widely used. This success stems from a favorable compromise between

accuracy and computational efficiency. Moreover, DFT results often give quantitative

agreement with experimental data.

An efficient method to couple electronic minimization techniques with the integra-

tion of the equation of motion of an atomic system has been proposed in a seminal

paper by Car and Parrinello in 1985 [47]. The Car-Parrinello method is a well estab-

lished framework that allows for efficient calculation of the electronic ground state,

optimization of atomic structures and molecular dynamics simulations. A challenge is

posed by the treatment of metals, where well known difficulties arise and special care

must be used to ensure optimal convergence.

This Chapter provides a brief description of the first-principles molecular dynamics

(FPMD) technique [3] following the scheme of Car and Parrinello within the framework

of DFT.

2.1 Separating the motion of electrons and ions

The starting point for describing a non-relativistic quantum system is the time-

dependent Schrödinger equation

Ĥ0Φ = i�
∂

∂t
Φ, (2.1)

where the total wave function Φ = Φ({ri}, {RI}) depends on both the electronic {ri}
and nuclear {RI} positions. The Hamiltonian for the system of electrons and ions is

21
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given by

Ĥ0 = − �
2

2me

∑
i

∇2
i −

∑
I

�
2

2MI

∇2
I +

1

2

∑
i�=j

e2

4πε0|ri − rj|

+
1

2

∑
I �=J

ZIZJe
2

4πε0|RI −RJ |
−

∑
i,I

ZIe
2

4πε0|ri −RI |
(2.2)

where electrons are denoted by lower case subscripts and ions by upper case subscripts.

ZI and MI are charge and mass of the nuclei and me is the electron mass.

The solution of Eq. (2.1) for a realistic molecules or crystals is practically unfeasible

for any analytical or numerical treatment. However, the problem can be enormously

simplified due to very different dynamical-response times of electrons and nuclei. The

basic approximation which allows to decouple the motion of electrons and ions is the

Born-Oppenheimer approximation [48] and is based on the fact that the core masses

are much larger than the electron mass, hence electrons move much faster than the

ions. Electrons are assumed to follow the motion of the ions adiabatically, that means

instantaneously without changing their eigenstate, which is the state of lowest energy.

Within this approximation, the dynamics of the cores is treated classically, and

the quantum mechanical problem has been reduced to finding the electron ground-

state in a stationary potential defined by any actual configuration of the nuclei. The

electronic wave functions and eigenenergies depend only parametrically on the core

positions {RI(t)} at time t. The nuclei themselves can be considered to be moving

on a single potential energy surface E0({RI}) that can be computed by solving the

time-independent electronic Schrödinger equation

Ĥelψ0 = E0ψ0 (2.3)

for the ground state ψ0 only, within each fixed ionic configuration. The Hamiltonian

of the electronic system has the general form:

Ĥel = T̂ + V̂int + V̂ext + EII . (2.4)

In Hartree atomic units1, the kinetic energy operator is

T̂ =
∑
i=1

−1
2
∇2

i , (2.5)

V̂int is the interaction of the electrons with each other

V̂int =
1

2

∑
i�=j

1

|ri − rj|
, (2.6)

1
� = 1, me = 1, e = 1, 4πε0=1
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V̂ext is the interaction of the electrons with the external potential due to the nuclei

V̂ext = −
∑
i,I

ZI

|ri −RI |
, (2.7)

and EII is the classical term describing the interaction among the nuclei. For a fixed

ionic configuration it results only as an additive constant term and can thus be dropped.

For a given (single or many-body) wave function ψ, the time-independent expecta-

tion value for the energy of the electronic system is given by

〈E〉 = E[ψ] =
〈ψ|Ĥel|ψ〉
〈ψ|ψ〉 (2.8)

where the square brackets denote that ψ determines E, i.e. E is a functional of ψ.

Both the ground-state energy and the ground-state wave function ψ0 are determined

by minimization of the energy functional E[ψ] with respect to all allowed N -electron

wave functions. In other words, one may replace the Schrödinger equation 2.3 with the

variational principle

δE[ψ] = 0. (2.9)

Excited states are saddle points of the energy with respect to variations in ψ.

2.2 Electron-electron interaction: Density-

functional theory

The most widely used techniques reducing the many-electron problem to an effective

one-electron form are Hartree-Fock (HF) theory and density-functional theory (DFT).

The former assumes that the electrons in a system are uncorrelated with the only

constraint imposed by the Pauli exclusion principle. DFT involves a non-interacting

Hamiltonian with an effective potential chosen to incorporate exchange and correlation

effects. For problems concerning realistic surface science systems, DFT has become

more and more widely used due to a favorable compromise between accuracy and

computational efficiency. The main features of the formalism are presented in the

following, though for a detailed description I refer to fundamental literature [49,50].

2.2.1 The Hohenberg-Kohn theorems

The main idea of DFT is that any property of a correlated many-body system can be

viewed as a functional of the ground state density. The most important peculiarity of
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this technique is that the complicated N -electron wave function can be replaced by the

much simpler electron density n(r):

n(r1) = N

∫
|ψ(r1, r2, . . . , rN)|2 dr2 . . . drN. (2.10)

The DFT formulation is based on two theorems published by Hohenberg and Kohn [51]

in 1964. For a detailed review and the proof of the theorems see e.g. Ref. [49].

• Theorem I: For a system of interacting particles, the external potential Vext is

determined, within a trivial additive constant, by the electron ground state density

n0(r).

• Theorem II: For any v-representable2 density n(r), E[n] ≥ E[n0] where E[n0] is

the ground state energy and n0 its ground state density.

The first theorem is based on the fact that for a N -electron system, T̂ and Vint are

univocally defined and the external potential Vext completely specifies the Hamiltonian.

Thus N and Vext determine all the electronic properties of the ground state. However,

since n(r) determines the number N of electrons and Vext, it follows that n(r) also

determines the ground state wave function ψ0 and all resulting properties of the system,

including the total energy functional, which can be written as

E[n] = T [n] + Vint[n] + Vext[n] = FHK [n] +

∫
n(r)Vext(r)dr. (2.11)

Here the functional

FHK [n] = T [n] + Vint[n] (2.12)

includes all internal energies, kinetic and potential, of the interacting electron system,

and is thus a universal functional, i.e. it does not depend on the external potential.

The second theorem states that, choosing the density as fundamental variable, the

many-body problem can be solved by minimizing the functional E[n] with respect to

n(r), subject to the constraint on the total number of electrons:

N = N [n] =

∫
n(r)dr. (2.13)

The main problem remains that the functional FHK [n] is unknown, and still contains

all the complicated many-body quantum effects. A main step towards a practical

formulation of density functional theory has been taken by Kohn and Sham.

2A density is v representable if it is associated with the antisymmetric ground-state wave function
of a Hamiltonian including an external potential Vext.
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2.2.2 The Kohn-Sham equations

The approach proposed by Kohn and Sham [52] in 1965 allows to replace the original

interacting many-body system with a different auxiliary independent-particle system

that can be solved more easily, but nevertheless is exact. The basic assumption is that

the ground state density n0(r) of the original interacting system is equal to that of a

chosen non-interacting system.

For a system of non-interacting particles, the kinetic energy is given by

T0[n] =
∑

i

〈ψi| −
1

2
∇2|ψi〉 (2.14)

and the classical Coulomb repulsion between electrons is the Hartree term

EHartree[n] =
1

2

∫∫
n(r)n(r′)
|r− r′| drdr′. (2.15)

The additional many-body terms for a system of interacting electrons are all included

into the exchange-correlation functional of the density, EXC , so that we can rewrite

Eq. (2.12) as

FHK [n] = T0[n] + EHartree[n] + EXC [n], (2.16)

with

EXC [n] = T [n]− T0[n] + Vint[n]− EHartree[n]. (2.17)

The exchange-correlation energy contains the difference between T [n] and T0[n] as well

as the nonclassical part of Vint[n].

Furthermore, within the approach of Kohn and Sham, the Hohenberg-Kohn expres-

sion (2.11) for the ground state energy functional can be rewritten as:

EKS[n] = T0[n] +

∫
n(r)Vext(r)dr+ EHartree[n] + EXC [n]. (2.18)

This leads to independent-particle equations for a system ofN non-interacting electrons

moving in an effective Kohn-Sham potential that contains all the difficult many-body

terms:

ĤKSψi(r) =

[
−1
2
∇2 + VKS(r)

]
ψi(r) = Eiψi(r) (2.19)

This set of equations are called the Kohn-Sham equations, where the Kohn-Sham po-

tential VKS is given by:

VKS(r) = Vext(r) + VHartree(r) + VXC , (2.20)
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while the Hartree and exchange-correlation potentials are defined respectively as

VHartree(r) =

∫
n(r′)
|r− r′| dr

′, VXC =
δEXC [n]

δn(r)
. (2.21)

The density of the auxiliary non-interacting system is given by the sum of the square

moduli of the occupied single-particle Kohn-Sham orbitals

n(r) =
∑

i

|ψi(r)|2, (2.22)

and its ground-state electron density is exactly n0(r). Given the auxiliary nature of

the Kohn-Sham orbitals, they do not have a direct physical meaning. However, it has

become standard practice to interpret their corresponding energies Ei as estimates of

excitation and electron removal energies, due to the good agreement with experimental

spectra and band structures. Only the highest eigenvalue in a finite system corresponds

exactly to the inverse ionization energy, −I.
The Kohn-Sham potential depends on the orbitals through the charge density, and

therefore the Kohn-Sham equations must be solveld iteratively, with an initial guess for

the wave functions, until self-consistency is achieved. These equations are still exact

and would lead to the exact ground state density and energy for the interacting system,

if the exact functional EXC were known.

2.2.3 Exchange and correlation functionals

The search for an accurate EXC is one of the crucial and still ongoing challenges in

density-functional theory. Nevertheless, considerable advance has been made with sur-

prisingly simple approximations. The most common and simplest approach is the

local-density approximation (LDA). It assumes that, given an inhomogeneous charge

distribution n(r), the exchange-correlation energy density at each point r is the same

as in a homogeneous electron gas with the same density:

ELDA
XC [n] =

∫
n(r)εXC(n(r))dr, (2.23)

where

εXC(r) = εhom
XC [n(r)] (2.24)

represents the exchange and correlation energy per particle of a uniform electron gas of

density n(r). The function εXC(n) can be divided into exchange and correlation con-

tributions, εXC(n) = εX(n)+ εC(n), where the first term can be calculated analytically
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and the second term can be obtained by interpolation and parametrization [53, 54] of

accurate Quantum Monte Carlo calculations [55].

For systems that are subject to an external magnetic field or that are polarized, a

special formulation of the LDA in terms of two spin densities n↑(r) and n↓(r) is required,

with the total density n(r) = n↑(r)+n↓(r). It was developed by von Barth and Hedin in

1972 and is called local spin-density approximation (LSDA) [56]. Within the LSDA, the

exchange-correlation energy becomes a functional of the two spin populations separately

ELSDA
XC [n] =

∫
n(r)εhom

XC (n
↑(r), n↓(r))dr (2.25)

and the Kohn-Sham equations are written independently for spin-up and spin-down

electrons.

The local-density approximation has revealed to be surprisingly accurate and has

been applied with success for a wide range of materials. Although it ignores corrections

to εXC(n) at a point r caused by nearby inhomogeneities in the electron density, it works

remarkably well even in very inhomogeneous cases. The reasons for the wide success of

the LDA approach can be attributed in part to the fact that it gives the correct sum

rule for the exchange correlation hole [57]. However, there are some cases where the

LDA does not provide satisfactory results, e.g. molecular physics, and therefore a lot

of effort was put on improving upon it. This led to a new class of approximations, the

generalized-gradient approximations (GGAs), in which εXC(n) depends not only on the

the electron density, but also on the magnitude of the gradient of this density:

EGGA
XC [n] =

∫
n(r)εGGA

XC (n(r),∇n(r))dr. (2.26)

Numerous forms for εGGA
XC (n) have been proposed, in particular those of Becke

(B88) [58], Perdew and Wang (PW91) [54] and Perdew, Burke, and Ernzerhof

(PBE) [59].

The GGA extends the applicability of density-funtional theory to the sphere of

chemistry and provides improving agreement with experiment, in particular for binding

energies. For instance, the hydrogen bond can be correctly described only within

GGA. Still, overall, it does not lead to consistent improvement over the LDA, since

in many cases it overcompensates the problems of LDA. A comparison between the

two functionals is often needed to find out which one is most appropriate for a specific

system.

Figure 2.1 shows calculated values of the total energy as a function of the lattice

constant for titanium nitride, calculated within both LDA and GGA. Generally, GGA

underestimates bulk moduli, whose calculated values for TiN are 313 GPa (LDA) and
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Figure 2.1: Total energy vs. lattice
constant for bulk TiN, calculated with
LDA (black, squares) and PW91 GGA
(blue, triangles) exchange-correlation
functions. The calculated points are
fitted to the Murnaghan equation of
state [60], whose minima are indicated
by vertical dotted lines. The experimen-
tal lattice constant is showed by the red
arrow. The calculations were performed
with a 6×6×6 Monkhorst-Pack k -point
grid (see Sec. 2.2.4) and a cut-off energy
of 40 Ry.

273 GPa (GGA), compared with the experimental value 288 GPa [61]. On the other

hand, GGA provides more accurate geometries, with the calculated lattice constant of

4.246 Å being in closer agreement with the experimental value of 4.238 Å [61] than the

LDA value (4.172 Å).

Despite the wide-ranging success of density functional calculations using LSDA or

GGA, there are cases of clear qualitative disagreement with experiments. This applies

in particular for strongly correlated materials, as for example the uncorrectly predicted

metallic behavior of CoO and FeO. Alternative approaches are given by the LDA+U

method [62, 63], where a Hubbard-like Hamiltonian is integrated within the standard

LDA framework, or by hybrid functional approaches as the B3LYP method [64, 65],

which consist of the mixture of the exact nonlocal Hartree Fock exchange with standard

local exchange-correlation functionals. More recently, Tao, Perdew, Staroverov and

Scuseria [66, 67] proposed a non-empirical meta-GGA, which improves upon GGA by

including the kinetic energy density as an additional local ingredient (TPSS approach).

2.2.4 Plane waves and k point grids

In order to solve the Kohn-Sham equations numerically, a basis set must be chosen

to expand the electronic wave functions. The plane wave basis set arises naturally

when periodic boundary conditions (PBC) are used, i.e. when an infinite system is

described by a finite number of atoms placed in a periodically repeated supercell. PBC

are intrinsically given for crystalline solids due to their translational symmetry, but

can be applied also to isolated molecules or crystal surfaces, provided that an appro-

priate supercell is chosen. Single molecules are generally placed in cubic or tetragonal
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supercells, whose dimensions have to be large enough to prevent spurious interactions

between the repeated images. A surface can be modeled including in the simulation

cell a slab of finite thickness, infinitely repeated in the xy surface plane, and a region

of vacuum in the z direction perpendicular to the surface.

For such systems, the effective potential is periodic in three dimensions and the

Kohn-Sham eigenstates become Bloch functions. In this case, the eigenfunctions can

be written as a product of an exponential and a function with the same periodicity as

the Bravais lattice:

ψi(r) = ψn,k = un,k(r) e
ik·r, un,k(r+ a) = un,k(r) (2.27)

where a is a lattice vector, k is a reciprocal space vector in the Brillouin zone (BZ) and

n is the band index, distinguishing different solutions with the same k. The periodic

term can be represented on a plane wave basis set, whose wave vectors are the reciprocal

lattice vectors G of the crystal

un,k(r) =
∑
G

ũn,k(G) eiG·r. (2.28)

Hence the Bloch eigenstates may be expressed as a sum of plane waves:

ψn,k(r) =
∑
G

cn(k+G) ei(k+G)·r. (2.29)

In practice, this sum is restricted to a finite number of terms by including only plane

waves with kinetic energy below a certain threshold, defined as the cut-off energy :

1

2
|k+G|2 ≤ Ecut. (2.30)

A low value of Ecut increases the speed of calculation but compromises the precision of

the results. The appropriate value depends on the atomic species under consideration

and is chosen so that an acceptable convergence of the physical properties of interest

is achieved. Fig. 2.2a shows the convergence of calculated energies as a function of

the cut-off energy for an isolated cobalt atom. Since the calculation time increases

proportionally to the cut-off value (2.2b), a reasonable value of Ecut for cobalt is 40 Ry

(see also Sec. 3.2.1).

Provided that the eigenfunctions can be expressed as in (2.29), the evaluation of

many quantities such as energy and density requires an integration over the first BZ,

which is however composed by an infinite number of k vectors. In practice, the integral

is replaced by a weighted sum over a sufficient dense grid in k space:∫
BZ

dk→
∑
k

wk. (2.31)
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Figure 2.2: (a) Convergence of the total energy and of the Fermi energy with increasing cut-off
energy for an isolated cobalt atom. The supercell side length was 12 Å and the calculation was
performed at the Γ point within a spin-polarized formalism. All energies are given relative to the
value at 60 Ry. (b) Calculation time for the same system as a function of Ecut .

Special point theory and the use of point symmetries allows to greatly reduce the

number of independent k points and thus the calculation effort. These k points, called

special points, lie in the irriducible Brillouin zone, which is the smallest fraction of

the BZ that is sufficient to reproduce the properties of the system. Among different

methods for choosing the k points and their relative weights, we use the Monkhorst

Pack scheme [68] throughout this work.

The k-point sampling works efficiently for insulators and semiconductors but be-

comes more problematic for metals, which possess partially filled bands near the Fermi

level. Integration across the discontinuity of the Fermi function would require a very

fine sampling in order to get a good accuracy and avoid instabilities in the self-consistent

cycle. This problem can be solved by introducing a smearing of the Fermi distribution,

which can be thought of as a fictitious finite electronic temperature without a real

physical meaning [69, 70]. In this work, we use a smearing width of 0.1 eV for all of

the considered systems.

In any case, for metals as well as for insulators, it is necessary to check the con-

vergence of the total energy with the number of special k-points, in order to ensure

an accurate representation of the system. Figure 2.3 shows a convergency test for

bcc-chromium, calculated within a spin-polarized formalism.
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2.3 Electron-ion interaction

A strong disadvantage of a plane wave basis set is represented by its uniform resolu-

tion at all points in space. Moreover, it leads to a poor approximation for the core

region, characterized by tightly bound core electrons and rapid oscillations of the va-

lence orbitals. An extremely large plane wave basis set would be needed to describe

these oscillations, which derive from the requirement of orthogonality between the core

and the valence wave functions. In order to decrease the computational effort, differ-

ent approximations have been introduced, in particular the successful and widely used

pseudopotential method and the projector augmented waves (PAW) approach. These

methods are based on the fact that valence electrons determine the interatomic inter-

actions and most of the physical properties of solids, while core electrons are largely

independent of the chemical environment.

2.3.1 Pseudopotentials

The pseudopotential approximation replaces the strong Coulomb potential of the nu-

cleus and the effects of the localized core electrons by a much weaker pseudopotential

acting on the valence electrons. Pseudopotentials are required to correctly represent

the long range interactions of the core electrons and to reproduce the same spectrum of

valence states as the true potential. The related pseudo wave functions have to match

exactly the full wave functions beyond a certain core radius rC . Inside the radius the

pseudopotential should be as smooth as possible and the pseudo wave functions must

be free of radial nodes, in order to limit the number of plane wave basis states to a

reasonable one. Norm conserving pseudopotentials ensure that pseudo wave functions

and true wave functions match also in their absolute magnitude, so that they generate

identical charge densities (see e.g. Ref. [71]).
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Moreover, the scattering properties of the pseudopotential should be indistinguish-

able from those of the all-electron system over a wide range of energies. This condition

is necessary for the transferability, i.e. for ensuring that the same pseudopotential

can faithfully describe the valence properties in a variety of chemical environments

including atoms, ions, molecules and condensed matter. Since the scattering from the

ions is different for each angular momentum, the pseudopotential must be angular mo-

mentum dependent (non local pseudopotential). In this case, the wave functions are

decomposed into spherical harmonics |lm〉, each of which is then multiplied by the

relevant pseudopotential Vl for the angular momentum l:

V̂NL =
∑
lm

|lm〉Vl 〈lm|. (2.32)

A fully, non-local formulation of these potentials was introduced by Kleinman and

Bylander [72], and is nowadays a standard implementation of norm-conserving pseu-

dopotentials. This method has been successfully applied to s/p bonding type materials.

However, for elements with sharp 2s or 2p orbitals like oxygen, or transition metals

with localized d states, a high plane wave cut-off is unavoidable and the computational

effort is substantial. This problem has been overcome by alternative techniques such

as the ultrasoft pseudopotential scheme by Vanderbilt [73] or by Blöchl’s Projector

Augmented Wave (PAW) Method [74].

Ultrasoft pseudopotentials attain much smoother pseudo wave functions using con-

siderably fewer plane waves for calculations of the same accuracy. Greater flexibil-

ity in the construction of the pseudo wave functions can be achieved by relaxing the

norm-conservation constraint. The arising difference in the total integrated charge is

compensated by augmented charges localized within the core regions. In this scheme

the total valence density is partitioned into a soft delocalized contribution given by

the squared moduli of the wave functions, and a new hard contribution localized at

the cores. However, the construction of these pseudopotentials is demanding, because

many parameters (several cut-off radii) must be chosen and a series of preliminary tests

are needed for obtaining proper transferability.

2.3.2 The Projector Augmented Wave (PAW) Method

Blöchl further developed the ultrasoft pseudopotential concept by combining ideas from

pseudopotential and LAPW (linear augmented plane wave) methods in a framework

called Projector Augmented Wave Method [74]. It takes advantage of many of the

features developed in the pseudopotential approach while retaining information about

the correct nodal behavior of the valence orbitals. According to the LAPW method,
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the wave function is described by a localized basis set in the core region (augmentation

region) and expanded in plane waves in the external region.

In the PAW approach, the true (all-electron, AE) wave functions of the valence

electrons are mapped onto auxiliary (pseudo, PS) wave functions, which are much

smoother in the augmentation region and computationally convenient. These PS wave

functions are the variational quantities and are represented in terms of a plane wave

expansion. The true wave functions |ψ〉 and the auxiliary wave functions |ψ̃〉 are related
by a linear transformation:

|ψn〉 = T |ψ̃n〉, (2.33)

where n contains a band index, a k point and a spin index. For the auxiliary wave

functions a Schrödinger-like equation holds:

T †ĤT |ψ̃n〉 = T †T |ψ̃n〉εn, (2.34)

where Ĥ is the standard Hamiltonian of the system. All physical quantities, represented

as an expectation value 〈Â〉 of some operator Â, can be obtained from the PS wave

functions either directly as
∑

n fn〈ψn|Â|ψn〉, after applying transformation (2.33), or

alternatively as
∑

n fn〈ψ̃n|T †ÂT |ψ̃n〉 within the Hilbert space of the PS wave functions.
fn represents the occupation of the state.

The operator T acts on the smooth auxiliary wave functions in the atomic region

and transforms them into wave functions with the correct nodal structure. Outside the

augmentation region, AE and PS wave functions have to coincide. The formalism is

explained in the following part of this Section, on the basis of Ref. [75].

The transformation operator can be expressed as

T = 1 +
∑

R

SR, (2.35)

where SR acts locally at each atomic site R and accounts for the difference between the

true and the auxiliary wave functions. Within the augmentation region, we introduce

a set of partial waves |φ〉 that are solutions of the radial Schrödinger equation for the

isolated atoms. These provide a basis set for describing valence wave functions that are

orthogonal to the core wave functions of the atom. To each partial wave is associated

an auxiliary partial wave through the same transformation as above:

|φi〉 = (1 + SR)|φ̃i〉, i ∈ R (2.36)

SR|φ̃i〉 = |φi〉 − |φ̃i〉, (2.37)
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where the index i stands for the atomic site R, the angular momentum indices (lm)

and an additional index to label different partial waves for the same site and angular

momentum. The partial waves and their pseudized partial waves have to be identical

beyond a certain radius in order to mantain the local character of the transformation

T :

φi(r) = φ̃i(r) for i ∈ R and |r−R| > rc. (2.38)

This permits to expand the auxiliary wave functions locally into auxiliary partial waves:

ψ̃(r) =
∑
i∈R

φ̃i(r)〈p̃i|ψ̃〉 for |r−R| < rc (2.39)

which defines the projector functions |p̃i〉 and holds only if 〈p̃i|φ̃j〉 = δi,j for i, j ∈ R.

Applying the operator SR to an auxiliary wave function of the form (2.39) and using

the relation of Eq. (2.37), we can finally rewrite the transformation operator T as:

T = 1 +
∑

i

(|φi〉 − |φ̃i〉) 〈p̃i|, (2.40)

where the sum is over all partial waves of the atom. Thus, in the core region the true

function is constructed from partial waves that contain the nodal structure, while far

from the atoms, according to Eq. (2.38), the auxiliary wave function is equal to the

true wave function.

Within the PAW method the charge density n(r) corresponding to an all-electron

eigenstate is composed by three contributions

n(r) = ñ(r) + n1(r)− ñ1(r). (2.41)

Herein, the first term represents the pseudo charge density expanded in a plane wave

basis and is evaluated on regular grids in Fourier or real space. The terms n1 and ñ1 are

the all-electron and pseudo on-site charge densities, defined only within the augmen-

tation region and evaluated on radial grids in an angular momentum representation.

They are designed to exactly cancel each other in the region outside and to correct

the density for the correct nodal behavior in proximity of the atom. Additionally, a

compensation density is added to both auxiliary densities ñ and ñ1, such that the elec-

trostatic multipole moment of the on-site charges vanishes for each atomic site, hence

avoiding interactions with charges outside the core region (for details see Ref. [74]).

It has to be noted that as an improvement of the pseudopotential approximation,

the PAW method represents an all electron technique, which accounts for the full wave

function with its nodal structure in proximity of the cores and ensures orthogonality
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between valence and core wave functions. Nevertheless, it still uses the frozen core

approximation, such that the density and energy of the core electrons are identical to

those of the isolated atoms. Indeed, the set of partial waves includes only valence states

and the transformation T produces wave functions orthogonal to the core orbitals, while

the latter are treated separately.

In principle, PAW is an exact method within the frozen core approximation. How-

ever, some further approximations need to be introduced: (i) plane waves are included

only up to a certain cut-off value Gmax/2, which is typically in the range between

30 Ry and 50 Ry, (ii) the number of partial waves and projectors is finite and must be

converged, which is generally given for up to three partial waves per site and angular

momentum (lm), with a maximum angular momentum of l = 1 or l = 2. This holds

even for critical cases such as transition metals and systems whose semicore states are

treated as valence states, where common pseudopotentials are less efficient.

2.4 Minimization of the Kohn-Sham functional

The electronic ground state for a fixed ionic configuration can be found by solution

of the Kohn-Sham equations (2.19). The traditional approach is performed via a self-

consistent cycle, consisting of an initial guess for the charge density, calculation of the

Kohn-Sham Hamiltonian and its eigenvalues and construction of a new charge density.

This procedure relies on conventional matrix diagonalizations.

A different way to reach the electronic ground state is the direct minimization of

the Kohn Sham energy functional EKS[n]. A simple scheme is given by the steepest

descent method, where the electron wave functions are updated in direction opposite

to the energy gradient. Given the wave functions at a step p, the updating to step p+1

is performed as follows:

ψ̃p+1
i = ψp

i −Δ

(
δEel

δψ∗
i

)p

, (2.42)

where Δ is the magnitude of the step. After each step, an orthonormalization is

required, e.g. using the Gram-Schmidt scheme. The steepest descent process minimizes

the value of the function along a particular line in the multidimensional space, and the

absolute minimum of the energy functional is achieved only from a series of such line

minimizations. This results in a stable but slow technique, which is generally used for

the first steps in the minimization process.

An improvement is given by the conjugate gradient method, where the search di-

rection for the minimum can be constructed from a linear combination of the gradient
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of the present iteration step and the conjugate gradient of the previous iteration step.

The initial direction is again the negative of the gradient at the starting point. For

more details refer to Ref. [3]. The conjugate gradient method has been implemented in

several electronic structure codes, such as CASTEP [3,76], VASP [77–79] or Quantum

Espresso [80].

An alternative approach proposed by Car and Parrinello is based on a dynamical

scheme for the minimization of the total energy [47]. The essential idea is to treat the

electronic wave functions as classical degrees of freedom which evolve according to a

fictitious dynamics described by the Lagrangian

L =
∑

i

μ〈ψ̇i|ψ̇i〉 − E[{ψi}, {RI}] +
∑
i,j

Λij[〈ψi|ψj〉 − δij], (2.43)

where the first term is the kinetic energy and μ is a fictitious mass associated with

the electronic wave functions, E is the Kohn Sham energy functional and Λij are

Lagrangian multipliers which ensure that the wave functions remain orthonormal. From

this Lagrangian, the Euler Lagrange equations for the fictitious motion of the wave

functions can be derived:

μψ̈i = −
δE

δψ∗
i

+
∑

j

Λijψj. (2.44)

These equations are integrated3 including an appropriate damping term −γψ̇i in order

to minimize the Kohn Sham energy functional. The damping term acts as a force

reducing the kinetic energy and bringing the electrons to the ground state. The factor

γ has to be chosen accurately in order to obtain optimal critical damping.

The method of Car and Parrinello is suitable to treat systems with a complex

potential energy landscape, in particular magnetic systems as e.g. cobalt, chromium

and their oxides, which present several local minima in the potential energy. In some

cases, the conjugate gradient method may fail to reach a minimum of the energy or the

system remains trapped in a local minimum, the damped dynamics method allows for a

slower process which often reaches the global minimum and the correct spin orientation.

2.5 Ion dynamics

Once the Kohn Sham equations have been solved for a fixed set of ions and the electronic

ground state has been obtained, it is possible to calculate the forces on the ions as

the derivative of the total energy of the system with respect to the ion coordinates

3Usually, the Verlet algorithm [81] is used to integrate the equations of motion.
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fI = −dE/dRI . This equation can be solved by means of the Hellmann-Feynman

theorem [82, 83], which allows to express the forces as an expectation value over the

ground state orbitals:

fI =
∑

i

〈ψi|
dĤel

dRI

|ψi〉. (2.45)

In principle, an ab initio molecular dynamics simulations can be performed by inte-

grating directly the Newton’s equations generated by these forces, solving the Kohn

Sham equations on the basis of a conjugated gradient minimization, calculating again

the Hellmann-Feynman forces and so on. This method is called Born-Oppenheimer

molecular dynamics, since the electrons are always exactly on the Born-Oppenheimer

surface.

2.5.1 Car Parrinello Molecular Dynamics

Car and Parrinello proposed an alternative approach for performing molecular dy-

namics [47, 84]. Once the electronic ground state has been reached according to the

dynamical scheme described in Sec. 2.4, the same fictitious dynamics can be applied to

the real ionic dynamics. The resulting Lagrangian, referred to as the Car Parrinello

Lagrangian, contains both the electronic and ionic degrees of freedom and takes the

form [47]:

L =
∑

i

μ〈ψ̇i|ψ̇i〉+
∑

I

1

2
MIṘ

2
I − Etot +

∑
i,j

Λij[〈ψi|ψj〉 − δij] (2.46)

where the second term represents the kinetic energy of the ions and the third term

includes the potential energy of the electrons and the electrostatic ion-ion interaction,

Etot = E[{ψi}, {RI}] + EII . The Car-Parrinello Lagrangian defines a simultaneous

dynamics for the ions and the electron coefficients, and application of the associated

Euler-Lagrange equations leads to the equations of motion:{
MiR̈I = −∂Etot

∂RI
,

μψ̈i = −Ĥψi +
∑

j Λijψj

. (2.47)

A molecular dynamics simulation usually starts with a set of trial electron wave func-

tions. Keeping the ionic positions fixed, the equations of motion for the electrons are

integrated and the Kohn-Sham energy functional is minimized. Once the ground state

has been reached, the ions are allowed to move and the ionic and electronic degrees of

freedom evolve simultaneously.
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Under the condition of a proper set of parameters, the electrons follow the ions

adiabatically, oscillating around their instantaneous position. Within this scheme, the

electrons remain close to their ground state and the expensive minimization of the

electron energy at each MD step is avoided. Although the electrons are not exactly

on the Born-Oppenheimer surface, the arising errors in the Hellmann-Feynman forces

tend to cancel when averaged over a number of wave function oscillations.

In order to mantain an adiabatic time evolution, it is necessary to prevent energy

exchange between the ionic system and the electronic wave functions. This is possible

if the power spectra deriving from both dynamics do not have substantial overlap in

the frequency domain. The lowest possible electronic frequency is given by

ωmin
e 


√
Egap

μ
, (2.48)

where Egap is the energy gap between occupied and unoccupied states. Considering

that the ionic frequencies as well as Egap are given by the physics of the system, the

only tunable parameter is the fictitious mass.

Another parameter strongly affecting the evolution of the dynamics is the cut-off

energy in the plane wave basis expansion. Together with μ it determines the maxi-

mal frequency of the electrons according to ωmax
e 


√
Ecut/μ. Since the time step is

inversely proportional to ωmax
e

Δtmax ∝
√

μ

Ecut

, (2.49)

the cut-off also sets an upper limit for the time step in the integration of the equations

of motion. Notably, a shorter time step increases the computational effort. Throughout

this work, a fictitious mass value of 300 a.u. and time steps up to 5 a.u. have been used.

The problem becomes even more intricate when considering metallic systems. For

systems with a finite gap, μ can be chosen sufficiently small to ensure a nonoverlap

between electronic and ionic frequencies. However, for systems with zero gap, i.e.

metallic systems, the electron and the phonon spectrum have a substantial overlap. In

this case, a steady flux of energy from ions to electrons and heating up of the electronic

system can not be avoided, causing serious shortcomings. Another difficulty arising in

the study of metals is the phenomenon of level crossing near the Fermi level, which

takes place when the lowest unoccupied state in the energy band structure reaches a

smaller value than the highest occupied state. As a consequence, the electronic system

acquires an excessively high amount of kinetic energy. These problems are treated in

the next Section.
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2.5.2 Car Parrinello for metallic systems

Electronic minimization

An established method for the solution of the Kohn Sham equations for metallic systems

is based on the finite temperature extension of density functional theory proposed by

Mermin [85]. Within this framework, fractional occupation numbers fi assigned to a

state ψi are naturally introduced [86]. The appropriate thermodynamic potential for

finite temperatures is the free energy, and the corresponding functional to be minimized

is the Mermin-Hohenberg-Kohn functional:

A [{ψi}, {fi}, T ] =
∑

i

fi〈ψi|T̂ + V̂ext|ψi〉+ EH,XC [n]− TS[{fi}], (2.50)

where the Hartree and the exchange-correlation terms, which depend only on the den-

sity, have been grouped together. The entropic term S is given by:

S [{fi}] =
∑

i

fi lnfi + (1− fi) ln(1− fi). (2.51)

However, the introduction of fractional occupation numbers is accompanied by a serious

drawback. The electron density, and therefore the energy, are no longer invariant with

respect to unitary transformation of the states ψi.

This problem was overcome by Marzari et al. [87] by treating simultaneously oc-

cupations and rotations as part of the same problem. The occupation numbers are

replaced with an m×m occupation matrix f with elements fij, where m is the num-

ber of electron states included in the calculation. This matrix is constrained to have

tr(f) = N and eigenvalues within the range [0,1]. Within this formalism, the charge

density can be expressed through:

n(r) =
m∑

i,j=1

fijψ
∗
i (r)ψi(r). (2.52)

The functional (2.50) takes now the form:

A [{ψi}, {fij}, T ] =
∑
ij

fij〈ψi|T̂ + V̂ext|ψj〉+ EH,XC [n]− TS[{fij}] (2.53)

This functional is invariant upon a unitary transformation of both the orbitals and the

occupation matrix. Indeed, a transformation U acting on the wave functions |ψi〉 →
|ψ′

i〉 =
∑

j |ψj〉Uji also transforms f → f ′ = UfU †, and leaves the particle density

(2.52) unchanged. In particular, at the minimum of A with respect to f the relation

[Ĥ, f ] = 0 holds for any given set of wave functions {ψi}. The main advantage of this

technique is that, besides its remarkably efficient and fast convergence, the level crossing

instabilities are completely eliminated, even in the limit of zero temperature [87].
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Molecular dynamics simulation

As introduced in Sec. 2.5.1, one of the most striking problems in the dynamical sim-

ulation of metals is the overlap of the electronic and ionic frequency spectra and the

heating up of the electronic system. A first attempt to solve these issues was to attach

a Nosé thermostat either to the ionic system for supplying it with energy, or to both

the electronic and ionic systems [88]. However, this approach requires careful tuning of

the thermostat parameters to avoid larger deviations from an ideal microcanonical dy-

namics. Also finite-temperature DFT including fractional occupation numbers fi does

not overcome the problem of the missing rotational invariance of the electron density.

It causes oscillatory modes appearing whenever the electronic states are displaced from

the free energy minimum by a rotation [86]. These low-frequency modes supply addi-

tional coupling between the ionic and the electronic subsystem, resulting in an increase

in energy transfer. Only the introduction of the occupation matrix f and its commu-

tativity with Ĥ for any given wave function set {ψi} provide the necessary invariance

upon unitary transformation. Now, since Ĥ and f can be diagonalized together, all

low-frequency rotation modes are eliminated from the electronic dynamics.

In principle, in the case of metals it is possible to perform a Born-Oppenheimer

molecular dynamics by minimizing self-consistently the functional A of Eq. (2.53) with

respect to f at each time step. However, this is not strictly necessary and it is possible

to introduce again a dynamical scheme, as proposed by VandeVondele, Stengel and De

Vita [69,70]. Within this approach, the occupation matrix f is not computed from the

true Hamiltonian Ĥ, but from an accessory ξ energy matrix that follows dynamically

the time evolution of Ĥ. The diagonal elements of the occupation matrix f are defined

from the eigenvalues of ξ using the Fermi Dirac function fi = [exp(ξi/T )+1]
−1. Defining

now

Ĥdyn
ij = ξij − λδij, (2.54)

where λ is the Lagrange multiplier associated to the holonomic constraint of particle

conservation, the following equations of motion for the evolution of the occupational

and electronic variables are obtained:

Q
¨̂Hdyn

ij = −(Ĥdyn
ij − Ĥij) (2.55)

μfll|ψ̈l〉 = −fllĤ|ψl〉+
∑

k

Λkl|ψk〉. (2.56)

Here, Q is the mass associated to Ĥdyn, which is chosen such that it minimizes A

at the beginning of the simulation: Ĥdyn = Ĥ at t = 0. The coupling of the two
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matrices Ĥdyn and Ĥ has been achieved through a simple harmonic potential with a

characteristic frequency ωQ =
√
1/Q that keeps the matrix elements of Ĥdyn close to

those of the Hamiltonian matrix.

Although within this scheme the relation [Ĥ, f ] = 0 is not exactly satisfied at each

time step, the low frequency oscillations can be suppressed by forcing the rotational

force components to oscillate at high frequency [69]. All the frequencies of the oscilla-

tions of the wave functions around the minimum fulfill the relation:

ωe >

√
Eart

gap

μ
, (2.57)

where Eart
gap is an artificial energy gap corresponding to the range of eigenvalues with

vanishing occupancies, and can be increased arbitrarily by including more empty states

in the simulation. When enough electronic states are included, the problem of energy

transfer from the ionic to the electronic system is removed, since all the slowly oscil-

lating states are negligibly occupied and do not couple to the ionic motion.
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Chapter 3
Bulk and surface properties

After a description in Sec. 3.1 of the computational and simulation details used through-

out this thesis, the validation of the used technique is provided through a series of pre-

liminary calculations. The bulk and surface properties of pure cobalt, pure chromium,

and of their most stable oxides are presented in Sec. 3.2. The same properties for tita-

nium nitride are presented in Sec. 3.3. Particular attention is paid to the comparison

with available experimental data.

The results of this Chapter have partly been published in Ref. [89].

3.1 Computational details

The simulations described in this thesis have been performed within the framework of

plane-waves density-functional theory using the PW91 generalized gradient approxima-

tion (GGA) to the exchange-correlation functional and periodic boundary conditions.

A spin-paired formalism has been adopted for the calculations of titanium nitride,

and a spin-polarized one for cobalt, chromium, their oxides and CoCr. The projector

augmented wave (PAW) method has been used to represent the interaction between

valence electrons and the ions, as implemented in the LAUTREC (LAUsanne Total

REal to Complex energy) code [90].

3.1.1 The LAUTREC code

Originally developed at the IRRMA Institute in Lausanne by A. De Vita et al., the

LAUTREC code is now maintained and updated by M. Stengel at the University of

Santa Barbara. It is a highly optimized parallel code for performing molecular dynam-

ics simulations and structure optimizations according to the Car-Parrinello scheme.

43
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Scaling properties of the Lautrec code Figure 3.1: Inverse of the CPU time per

MD iteration (normalized to 4 processors)
obtained in typical production runs using the
Lautrec code and different CPU partitions of
the HP XC6000 cluster at the SSC Karlsruhe.
The dashed black line represents ideally lin-
ear scaling.

Recent developments include the implementation of a novel algorithm to perform Car-

Parrinello simulations of metallic systems as proposed by VandeVondele et al. [69,70].

Excellent parallel scaling behavior has been obtained on several platforms in typical

production runs using partitions up to 32 CPUs. For larger CPU partitions, the perfor-

mance becomes quickly limited by the communications between the nodes (Fig. 3.1).

Parallelization of the code is achieved at two levels: (i) distribution of the reciprocal

space vectors, where each processor gets a subset of plane waves of all the states, lead-

ing to a very uniform workload balancing among the CPUs; (ii) distribution of the set

of k points used to sample the Brillouin zone, where each processor gets all the electron

coefficients for one or a set of k points. In either cases, most of the CPU workload

is due to: (i) scalar products between wave functions, which require fast and efficient

matrix-matrix multiplication routines; (ii) Fast Fourier Transformations (FFT) of the

wave function coefficients between real and reciprocal space. In particular, the compu-

tational effort scales with the cube of the number of atoms included in the simulation,

which limits the size of the systems to a few hundred atoms in the case of transition

metals.

3.1.2 Generation of PAW datasets

The generation of a PAW dataset starts with the solution of the all-electron radial

Schrödinger equation for an isolated, neutral atom of the considered species. On the

basis of the eigenvalues, a distinction is made between core states and valence states.

After this, a core radius rC is defined such that inside the atomic sphere the wave

functions of the atom are replaced by a smooth and nodeless pseudo wave function,

while outside the sphere the original all-electron wave functions are kept (see Sec. 2.3.2).

For cobalt a dataset with 9 explicit valence electrons (corresponding to the 3d and

4s atomic states) has been generated. Extensive tests with a more accurate dataset,

treating explicitely also the 3s and 3p electrons, revealed that inclusion of the semi-
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Species Valence Core No. of projectors

electrons radius s p d

Cobalt 9 1.5 3 2 2

Chromium 14 1.5 3 3 2

Titanium 12 1.5 3 2 2

Oxygen 6 1.0 2 2 –

Nitrogen 5 1.2 2 2 –

Table 3.1: Properties of the PAW
datasets of different species: the num-
ber of valence electrons included in
the dataset, the core radius (au) and
the number of projectors per s, p and
d angular momentum channels.

core states is not necessary. The chromium (and titanium) datasets treat explicitly 8

semicore and 6 (4) valence electrons, corresponding to the 3s, 3p, 3d and 4s atomic

states. Table 3.1 shows a summary of the dataset properties for all of the species con-

sidered in this thesis. In particular, the number of projectors for the s, p and d angular

momentum channels are illustrated.

3.1.3 Simulation of surfaces

A surface system can be modeled in periodic boundary conditions by means of the

supercell technique. Herein, a thin slab instead of a semiinfinite solid is considered.

By repeating identical images of the slab in direction perpendicular to the surface, and

separating them by a vacuum layer, the 3D periodicity is restored. Figure 3.2 shows

an example. The slab should be chosen thick enough to rule out surface effects in

the center of the slab, while the vacuum region must be wide enough so that faces

of adjacent crystal slabs do not interact across the vacuum. For this purpose, the

convergence of the numerical results with respect to these additional two parameters

must be carefully checked.

3.2 Properties of Co, Cr and their oxides

Cobalt and chromium belong to the class of transition metals with partially filled

d bands. Moreover, they exhibit a magnetic ground state. Cobalt crystallizes in the

hexagonal close-packed (hcp) structure and chromium in the body-centered cubic (bcc)

structure. In this Section, I present the results of accurate convergency tests for the

bulk properties of crystalline Co and Cr and of their oxides CoO, Co3O4 and Cr2O3,

using the PAW datasets introduced above. Furthermore, the surface properties of Co

and Cr are considered both for the case of bare surfaces and for surfaces with adsorbed

oxygen (see also Ref. [89]).
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z

Figure 3.2: Illustration of a typical super-
cell with periodic boundary conditions for
the simulation of surfaces. Here, the (110)
surface of bcc chromium is shown, using of a
4-layer slab. The slab is infinitely repeated
in the xy plane, whereas a region of vacuum
is included in the z direction perpendicular
to the surface.

3.2.1 Bulk properties

Recalling some examples shown in Sec. 2.2.4, I concentrate first on a detailed analysis of

the convergence of the bulk properties with the kinetic energy cut-off of the plane wave

expansion. In the case of both the Co, Cr and O species, a value of 40 Ry produced

well converged results. Moreover, the lattice parameter and the cohesive energy of Cr

are found to differ by 0.003 Å and 0.015 eV at 40 Ry with respect to the corresponding

values at 60 Ry.

Table 3.2 reports the results obtained for metallic Co, using a 12×12×8 Monkhorst-

Pack k point grid to sample the Brillouin zone and a fixed ratio c/a = 1.623 between

the height c and the edge a of the hexagonal (hcp) unit cell. The magnetic ground

state has been found to be ferromagnetic, consistently with the experimental evidence.

Next, using a cut-off energy of 40 Ry the lattice vectors a and c have been optimized

Ecut(Ry) a0(Å) B0(GPa) Ecoh(eV) μ(μB)

30 2.496 197 4.949 1.630

40 2.484 201 4.943 1.604

60 2.485 200 4.933 1.606

Table 3.2: Convergence of Co bulk
properties (lattice constant, bulk mod-
ulus, cohesive energy, magnetic mo-
ment) with the plane-wave kinetic-
energy cut-off. The Brillouin zone is
sampled with a 12×12×8 Monkhorst-
Pack k point grid.
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Figure 3.3: Calculated values and Murnaghan fits of the total energy as a function of the lattice
constant for (a) Cr and (b) Co3O4. In the latter, the antiferromagnetic and ferromagnetic curves are
referred to the spin configuration of the Co atoms on the tetrahedral sites.

by performing several total energy calculations and fitting the obtained results by the

Murnaghan equation of state [60]. The values for a0 and c/a converged to 2.487 Å and

1.626, whereas the corresponding experimental values are 2.51 Å and 1.6215 [91]. The

computed cohesive energy and magnetic moment per Co atom are 4.95 eV and 1.61 μB,

which are to be compared with the experimental values of 4.39 eV and 1.72 μB [91] and

with the values of 4.88 Å and 1.66 μB obtained in calculations within a similar DFT

formalism [92,93]. Calculations with a less dense, 6×6×4 k point grid, yield the same

a0 and c/a values, a cohesive energy of 4.98 eV and a magnetic moment of 1.65 μB.

Given these very small differences, grids of density corresponding to 6×6×4 for the

case of metallic Co have been used also for the calculations of the bulk properties of

Cr and of the metal oxides.

Figure 3.3 shows examples of the Murnaghan fits to the calculated total energy

values at different lattice parameters for the case of Cr and Co3O4. For Cr, a 6×6×6
k point grid is sufficient to describe the element properly. A more densely spaced

12×12×12 grid leads to variations in the total energy of only 0.01 eV per atom (see

Figure 3.3a). Particular attention has been paid to consider different magnetic solutions

(see Figure 3.3b). In all cases, the ground state solution has been found to correspond

to the experimentally determined magnetic ordering at 0 K. An exception is represented

by the case of bulk Cr, whose magnetic ground state is a longitudinal spin-density wave

(SDW), which consists of a roughly sinusoidal modulation of the magnetic moments

and an incommensurate wave vector [94]. The wavelength of the SDW is about 60 Å (or

42 interlayer distances) in the low-temperature limit, increasing to about 78 Å at room
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temperature. My calculations yield an antiferromagnetic ground state and a magnetic

moment per atom of 1.02 μB using a simple bcc cubic cell. Due to the restricted number

of atoms in the primitive unit cell and the periodic boundary conditions, this state is an

approximation of the incommensurate SDW, which has a magnetic moment of 0.62 μB.

However, within this model, the magnetic solution is in agreement with a number

of previous electronic structure calculations at the DFT level reporting μ = 0.92–

1.19 μB [95]. All final results for the single elements and some of their oxides are

summarized in Table 3.3. The considerable underestimation of the magnetic moments

of the oxides with respect to the experimental values is a well-known problem of DFT,

and is frequently accompanied by an erroneous electronic structure [96–98]. This issue

can be overcome by applying the LDA+U technique, introduced briefly in Sec. 2.2.3.

However, for the purposes of this thesis, focused rather on structure optimizations of

thin films than on bulk oxides, a GGA approach yields a satisfactory precision. Also the

values for the enthalpy of formation of the oxides are systematically underestimated.

This can be attributed to the typical overestimation of the binding energy of O2 within

DFT. The calculated binding energy of O2 amounts to 6.04 eV and the bond length to

1.24 Å, in excellent agreement with other theoretical results [99,100]. The experimental

values are 5.12 eV and 1.21 Å. For this reason, in this thesis the energy of the O2

molecule has been inferred from the matching of the computed and the experimentally

measured enthalpies of formation of the relevant oxides.

3.2.2 Surface properties

Pure metal surfaces

The first issue in the simulation of surfaces is to check the convergence of the surface

energy as a function of the thickness of the metallic slab and of the vacuum region.

The surface energy γ of a given slab is defined as:

γ =
1

2
(Eslab

tot −NlE
bulk
tot ), (3.1)

where Eslab
tot is the total energy of a surface slab with Nl layers (one atom per atomic

layer) and Ebulk
tot is the reference total energy per atom of the bulk system. The factor

1/2 takes into account that there are two equivalent surfaces in the slab. For instance,

in the case of the Co(0001) surface, using a 1×1 surface cell and a 6×6×2 distribution
of k points in the simulation cell, it results that using metal slabs of thickness varying

between 5 and 8 atomic layers and a vacuum layer corresponding to 6 atomic layers

leads to very small variations of γ, of the order of 0.01 eV per surface atom.
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System a0(Å) c/a B0(GPa) ΔHf(eV) μ(μB)

Co 2.49 (2.51)a 1.626 (1.622)a 214 (191)a -4.98 (-4.39)b 1.65 F (1.72)a

(hcp)
Cr 2.86 (2.88)c 176 (192)c -4.11 (-4.10)c 1.02 AF (0.60)c

(bcc)
Cr 2.48 (2.49)d 1.795 (1.78)d 235 -3.70 0.00
(hcp)
CoO 4.23 (4.26)e 188 (180)f -1.29 (-2.47)g 2.43 AF (3.35)h

(rock salt)
Co3O4 8.09 (8.09)i 210 -8.12 (-9.23)g 2.35 AF (3.26)j

(spinel)
Cr2O3 5.37 (5.35)k 196 (231)l -10.15 (-11.81)g 2.31 AF (2.76)m

(corundum)
a
Ref. [91], bRef. [92], cRef. [95], dCalculated values of Ref. [101], eRef. [102], fRef. [103], gRef. [104], hRef. [105],

iRef. [106], jRef. [107], kRef. [108], lRef. [109], mRef. [110].

Table 3.3: Some properties of the elemental metals and their most important oxides: calculated
values of the lattice constant (a0), the ratio c/a for hexagonal lattices, the bulk modulus (B0), the
enthalpy of formation (sublimation for pure Co and Cr) per formula unit (ΔHf) and the magnetic
moment per atom (μ). The terms in brackets refer to the experimental values. AF denotes an
antiferromagnetic, and F a ferromagnetic ground state. For Co3O4 the magnetic moment is referred
to the Co atoms on the tetrahedral sites. Those on the octahedral sites are not spin polarized.

In Table 3.4, the computed values of the surface energy and the work function for

selected Co and Cr surfaces are reported. The work function φ has been calculated

as the difference between the Hartree potential in the middle of the vacuum regions

separating the surface slab from its periodically repeated image and the Fermi energy of

the system. The values reported have been computed using a 1×1 surface cell sampled
by a 6×6 k point distribution in the surface plane. After truncation of the metal bulk,

the atomic layers in proximity of the created surface relax as a consequence of the

undercoordination of the atoms. Full structural optimizations of the surface systems

reveal that for Co(0001) and Cr(110) the distance between the first and second surface

layers is smaller than the bulk interlayer distance by 3.3% and 2.0%, respectively.

Inward relaxation is due to the reinforcement of the back bonds to the subsurface

System γ(J/m2) φ(eV)

(1×1) Co(0001) 2.15 (2.55)a 5.06 (5.0)b

(1×
√
2) Cr(110) 3.05 (2.30)a 4.89 (4.5)b

(1×1) Cr(0001) 2.63 (–) 5.30 (–)
a
Ref. [111], bRef. [112].

Table 3.4: Calculated surface energy γ

and work function φ for the Co (hcp) and
Cr (bcc and hcp) surfaces. The experimen-
tal work functions in parentheses refer to
polycrystalline materials. For other theo-
retical values see also Ref. [113].
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Coverage 0.25 0.50 0.75 1.00

Work function increase (eV) 0.52 1.08 1.55 1.80

Adsorption energy (eV) 2.59 2.23 1.94 1.70

Figure 3.4: Oxygen adsorp-
tion on the Co(0001) surface: (a)
side view of the surface layers
with the spin density (orange),
(b) top view of the surface, to
illustrate the configuration with
different oxygen coverages. The
Table shows the work function
increase with respect to the bare
Co surface, and the heat of ad-
sorption per oxygen atom.

layers after bond breaking at the surface and transfer of electrons to bonding d states.

Moreover, the magnetic moments and charges on the atoms have been computed

by integration of the electronic charge and of the spin-density within the Bader re-

gions [114] associated with each atom. For Cr(110), the reduced coordination number

at the surface induces a narrowing of the d bands, and the reduced overlap of majority

and minority bands leads to a largely increased magnetic moment with respect to the

bulk value (nearly 200 % in my calculations) [115]. This is in contrast to Co, where

the majority band is close to being saturated, thereby reducing the moment enhance-

ment. For Co(0001) we observed an enhancement of the magnetization of 11.7% (the

magnetic moment increases from 1.62 to 1.81μB on the surface atoms) and a slight

charge transfer from the bulk to the surface, leading to atomic charges of -0.02 e on

the surface atoms. In the case of the (0001) surface of hcp Cr with the same lattice

parameter a0 of Co, calculations attain a nonmagnetic ground state and atomic charges

of -0.03 e on the surface atoms. However, Cr with a hcp structure has been found to

have negative theoretical shear constants [101], indicating that it is elastically unstable.

Indeed, geometry optimizations led to a substantial rearrangement.

Oxygen adsorption on pure metals

A qualitative insight into the oxygen affinity of the Co and Cr surfaces can be gained by

calculating the heat of adsorption of O atoms on the Co(0001), Cr(110) and Crhcp(0001)

surfaces with respect to the O2 molecule. The calculations have been performed using

a 2×2 cell for the (0001) surfaces and a 1×
√
2 cell for Cr(110) (see Figures 3.4 and 3.5).

In all cases, the surface slabs comprised 5 atomic layers and O atoms were adsorbed

symmetrically on each side of the slab.



3.2. Properties of Co, Cr and their oxides 51

Coverage Top 0.5 Bridge 0.5 Hollow 0.5 Hollow 1.0

Δφ(eV) 1.76 0.43 0.68 2.22

Eads(eV) 2.73 4.00 4.17 3.49

Figure 3.5: Oxygen adsorp-
tion on the Cr(110) surface:
(a) side view of the surface lay-
ers with positive and negative
spin density (blue and orange),
(b) top view of the surface, to
illustrate the adsorption sites.
The Table shows the work
function increase with respect
to the bare Cr surface, and the
heat of adsorption per oxygen
atom.

On all surfaces, O is found to adsorb preferentially on“hollow”sites with a threefold

coordination. For instance, adsorption of O on “bridge” and “on-top” sites on Cr(110)

is energetically less favorable by 0.17 and 1.44 eV, respectively. Moreover, the heat

of adsorption per atom is found to decrease with increasing oxygen coverage on all

surfaces (Tables in Fig. 3.4 and 3.5). This can be understood in terms of the increased

Coulomb repulsion between the oxygen atoms, which accept electronic charge from the

underlying surface. Consistently, the work function of the surface is found to increase

with increasing oxygen coverage due to the large surface dipole which develops upon

oxygen adsorption. The amount of charge transferred to the O adsorbates can be

quantified by the computed Bader charges, which are found to be -0.77 e and -0.89 e

for each O atom adsorbed on Cr(110) and Co(0001), respectively.

Interestingly, the effect of oxygen is to quench the magnetic moment of the surface

atoms (Figures 3.4 and 3.5). This is consistent with previous theoretical investigation

of the adsorption of gas species on Co(0001) [116], and with the available experimental

evidence [117]. The calculated adsorption energy of a 1×1 O adlayer on hollow sites of

the Crhcp(0001) surface is 3.57 eV per O atom, which is roughly comparable with the

value of 3.49 eV obtained for a ML of O atoms on the Cr(110) surface. In comparison,

the heat of adsorption of oxygen on the Co(0001) surface is much smaller, and for a 1×1
O adlayer amounts to 1.70 eV per O atom. This is consistent with the high enthalpy

of formation of bulk chromium oxide with respect to the cobalt oxides (see Table 3.3).
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System a0(Å) c/a B0(GPa) ΔHf(eV)

Ti (hcp) 2.94 (2.95)a 1.591 (1.59)b 111 (105)a -5.15 (-4.85)c

TiN (fcc) 4.25 (4.24)d 273 (288)d

TiO2 (rutile) 4.65 (4.59)e 0.64 (0.64)e 171 (216)f -9.28 (-9.78)g

a
Ref. [118], bRef. [119], cRef. [92], dRef. [61], eRef. [120], fRef. [121], gRef. [104].

Table 3.5: Ti, TiN, TiO2: calculated lattice constant (a0), ratio c/a for a hexagonal or tetragonal
cell, bulk modulus (B0), and enthalpy of formation (sublimation for pure Ti) per formula unit (ΔHf).

3.3 The TiN system

TiN crystallizes in the face-centered cubic (fcc) NaCl lattice structure. The calculated

lattice constant and the bulk modulus have already been reported in Sec. 2.2.3, cal-

culated with both LDA and GGA and a 6×6×6 k -point grid. A 4×4×4 k -point grid

yields the same lattice constant and a bulk modulus differing only by 1.5% (for GGA).

In particular, the GGA values are in good agreement with the experimental values.

Table 3.5 summarizes the main bulk quantities of TiN, titanium (hcp) and TiO2 in the

(tetragonal) rutile structure. In all three cases, a cut-off energy of 40 Ry leads to a

satisfactory degree of convergence.

In this thesis, I concentrate on the (100) surface of TiN, which is the lowest-energy

surface [61]. Considering a (1×1) surface cell, the surface energy and the work function
have been calculated for a number of atomic layers ranging between 4–9, including a

vacuum region corresponding to 6 layers. The results are reported in Fig. 3.6a. The

oscillations in the curves are typical and have been found for a number of surfaces [122].

The calculation time increases almost linearly with the number of layers, as shown in

Fig. 3.6b, setting an upper limit for the applicability of large surface models. Anyway,

acceptable convergence of the surface properties is reached for 5 layers, where the

calculations of the surface energy are converged to about 0.002 J/m2 and those of the

work function to 0.07 eV. The value of the surface energy for 9 layers amounts to

1.29 J/m2. This is in good agreement with other theoretical values (e.g. 1.30 J/m2

with PW91 GGA [61]). The calculated value for the work function is 3.0 eV, which

agrees with other theoretical values (3.25 eV in Ref. [123]) and experimental data (2.92

in Ref. [124]). These values are lower with respect to a surface of pure titanium, which

exhibits γ=1.89 J/m2 and Φ=4.39 eV for a calculation of 6 atomic layers.

In all TiN systems, the layer distance in the center of the slab converges to the

bulk value 2.12 Å with Ti and N lying in the same plane, while in the outermost

layers the intra-layer distance between Ti and N is about 0.17 Å with N slightly above
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Figure 3.6: (a) Convergence of the surface energy and the work function of a TiN(100) surface with
respect to the number of layers included in the surface slab. (b) Calculation time for the same systems.
All calculations were performed with the (1×1) surface unit cell and a 6×6×1 k point sampling with
2 shifts.

the surface. A k point set of 6×6×1 with 2 shifts from Γ (by (0.5,0,0) and (0,0.5,0))

has been used to sample the Brillouin zone. This leads to 12 special k points and 8

symmetry operations for the (1×1) surface cell of TiN, and corresponds exactly to a

6×6×6 sampling shifted by (0.5,0.5,0) for the (
√
2×
√
2)R45◦ bulk cell. This translates

to a 2×2×1 sampling with 2 shifts of (0.5,0,0) and (0,0.5,0) (or 4 special k points)

when considering the larger (3×3) surface cell.
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Chapter 4
Oxidation of TiN

In this Chapter, a reaction pathway leading to the formation of an ultrathin oxide layer

on TiN and a model for its atomistic structure are presented. A series of first principles

molecular dynamics (FPMD) simulations of dioxygen reacting with a perfect TiN(100)

reveal that Ti atoms are selectively oxidized and escape from the surface plane leaving

behind Ti vacancies in the underlying TiN lattice [46]. The formation of vacancies and

their clustering underneath the oxide layer are expected to influence significantly the

stability and the physical properties of the oxide structure.

Following the formalism of ab-initio thermodynamics, the driving force for vacancy

diffusion from the interface to the bulk and viceversa is computed and an elucidation

of the role of Ti vacancies and interstitials on the surface stability is provided. Finally,

the question of nitrogen release during the oxidation has been addressed by studying

the formation and segregation of nitrogen vacancies, which are typically present in TiN

materials and lead to non-stoichiometric TiN1−x crystals [125].

The results of this Chapter have been published in Ref. [45].

4.1 Preliminary considerations

4.1.1 Experimental data on the oxidation of TiN

Experimental studies (mainly with X-ray photoelectron spectroscopy) reveal that TiN

films are oxidized through the initial formation of an oxynitride TiNxOy structure fol-

lowed by later development of a TiO2 phase, as show in Fig. 4.1. The oxynitride

structure may remain localized between the underlying TiN substrate and the slowly

developing superficial TiO2 layer, moving farther from the surface while the oxide is

growing [126, 127]. Alternatively, Esaka et al. [128] supposed that Ti-Nx-Oy struc-

55
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Figure 4.1: XPS spectrum of the (100) sur-
face of a TiN single crystal exposed to air.
A fitting of the row data (dots) of the fea-
tures of the Ti 2p peak reveals the presence of
a mixed titanium oxynitride phase between
the bulk TiN and the TiO2 passivation layer.
(Taken from Ref. [8])

tures change gradually into TiO2. Molecular nitrogen seems unequivocally to form in

the interstitial positions of the surface oxide layers [128] or at the oxide-nitride inter-

faces [129]. Many works agree that a certain amount of N2 remains trapped in the

uppermost part of the oxidized layer formed [12, 126, 128, 129]. Only with increasing

temperature [12] or with the growth of oxide layers [128] is nitrogen completely released

from the surface, either as a diatomic molecule or by formation of NO gas [130].

Despite the large amount of experimental data about the chemical composition of

oxidized TiN, the exact oxidation mechanism and the atomistic structure of thin oxide

layers are still unknown. These issues have been partly addressed experimentally and

theoretically only very recently. By means of reflection high-energy electron diffrac-

tion, Wu et al. found that the TiO2 phase grown on TiN at 560◦C is anatase, and

proposed a structural model for the anatase (2×1) surface reconstruction along the

〈100〉 direction [131]. Graciani et al. analyzed the first steps of TiN oxidation for oxy-

gen coverages up to 1ML on the basis of density functional theory and suggested that

formation of NO molecules may take place via a thermally-activated N/O exchange

mechanism upon dioxygen adsorption and dissociation [130,132].

4.1.2 Surface energy and vacancy segregation

The TiN(100) surface studied has been modeled by a periodically repeated (3×3) sur-
face supercell, consisting of a slab of four layers of atoms separated by a vacuum region

of 14.5 Å (correspondent to six (100) layers). A 1×2×2 distribution of k -points shifted

by (0,0.5,0.5) in the Brillouin zone has been used for this surface cell, and equivalently

dense distributions for the smaller surface cells studied in Sec. 4.3. All calculations of

bulk TiN have been performed using a supercell corresponding to that of the (3×3) sur-
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face, but without any vacuum region, and with a sampling of 2×2×2 k -points shifted

by (0.5,0.5,0.5).

The relative stabilities of the (n×3) model systems considered in Sec. 4.3 can be

compared by computing their surface energies by means of ab initio thermodynam-

ics techniques [42]. The surface energy depends on the chemical potentials μ of the

components, the number of atoms N in each species and the total energy ES of the

simulation supercell:

γ =
1

A
(ES − μTiNTi − μNNN − μONO) . (4.1)

Since the ratio of Ti and N atoms is constant for the (n×3) systems studied in this

thesis, the surface energy differences between two models with surface areas A1 and A2

depend only on the chemical potential μO of oxygen:

γ1 − γ2 =
E1

A1

− E2

A2

− μO

(
NO,1

A1

− NO,2

A2

)
. (4.2)

The chemical potential of oxygen depends on temperature and pressure according to

μO(T, p) =
1

2
[EO2(T

0, p0) + μ̃O2(T, p
0) + kBT ln(p/p0)]. (4.3)

At a standard pressure of p = p0 = 1 atm, μO depends on the temperature only

through μ̃O2(T, p
0), which includes the entropy of the oxygen gas and can be taken

from thermochemical tables. EO2 is the total energy of a free oxygen molecule and can

be derived from the enthalpy of formation of TiO2

ΔH0
f (TiO2) = ET iO2 − ET i − EO2(T

0, p0) (4.4)

on the basis of the calculated total energies of TiO2 and Ti and the experimental value

ΔH0
f (TiO2) = −943.9 KJ/mol [133].
In Sec. 4.4 and 4.5, I focus on the driving force for vacancy diffusion from the bulk

to the TiN/oxide interface (or vice versa). This can be analyzed through evaluation of

segregation energies. The segregation energy of m Ti vacancies from the bulk into the

surface oxide is given by:

ESegr(m vac) =
(
Em vac(Model) +m · Eb(TiN)

)
− (4.5)(

E0 vac(Model) +m · Eb
1 vac(TiN)

)
,

where Em vac(Model) is the total energy of a model system containing m Ti vacancies;

Eb(TiN) is the total energy of TiN bulk; and Eb
1 vac(TiN) is the total energy of the

same TiN bulk system containing one single Ti vacancy. This formulation has the
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computational merits of allowing calculations for the bulk vacancy to be made with

only one vacancy in a supercell, and optimizing the cancelation of errors when total

energies of supercells are subtracted (in particular charge compensation issues). The

sign convention is such that a negative segregation energy favors segregation.

4.2 FPMD simulations of TiN oxidation

The analysis of the oxidation of TiN starts with six consecutive FPMD simulations of

the adsorption of oxygen molecules on the TiN(100) surface, reaching a final coverage

of 1.3 ML. The results of these simulations were briefly summarized in Ref. [46], and

are reported here in more detail for the sake of consistency.

In the first simulation, a single oxygen molecule, initially at rest, is placed at a

distance of about 3 Å over the fully relaxed surface, i.e. at virtually 0 K, and the

system is set free to evolve according to a microcanonical Car-Parrinello dynamics. The

molecule is attracted by the surface and binds initially to a Ti atom. Subsequently, it

moves to a bridge position over two Ti atoms where it dissociates spontaneously after

0.8 ps through a“hot atom”dissociative mechanism [8,38]. This process is characterized

by electron donation from the metal atoms into the antibonding orbitals of O2. The

reaction is highly exothermic [8,130] and there is a large release of kinetic energy, which

is dissipated during the following few picoseconds by oscillations of the Ti-O bonds and

vibrations of the underlying TiN lattice. After quenching of the atomic motion, the O

atoms are stably adsorbed on top of Ti surface atoms with a Ti-O distance of 1.64 Å,

as shown in Fig. 4.2a. Starting from this configuration, a further five O2 molecules

are placed one at a time above the surface, and FPMD simulations are performed

until adsorption and initial oxide formation is complete. The final snapshots of these

simulations after atomic relaxation are shown in Fig. 4.2a-f.

In some of the simulations, dioxygen dissociation does not occur spontaneously,

indicating a reactivity loss of the surface after partial oxidation. Indeed, charge transfer

into the orbitals of an incoming O2 molecule decreases with increasing oxygen coverage

due to electron depletion in the d orbitals of the surface Ti atoms. For instance,

the third adsorbing molecule (depicted in Fig. 4.2c) does not dissociate and remains

stably adsorbed on the partially oxidized surface also for the successive two simulations,

where dissociation of the new molecules takes place (Fig. 4.2d,e). Interestingly, the

oxidation reactions proceed without place exchange between metal and oxygen atoms,

as instead observed in the case of e.g. pure Al [38], Si [40], Ti [46] as well as Co and

Cr (see Chap. 6). Diffusion of oxygen atoms underneath the surface layer is indeed not
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a) c)b)

d) e) f)

Figure 4.2: Final snapshots of six consecutive FPMD simulations of the initial oxide formation on
the TiN(100) surface. Nitrogen atoms are shown in blue, titanium in silver and oxygen in red. Each
simulation starts with a new O2 molecule placed near the relaxed surface obtained in the previous
simulation. The oxygen coverage increases from 0.22 ML (a) to 1.33 ML (f).

observed, while Ti atoms escape from the outermost layer already at an O coverage

of 0.44 ML (Fig. 4.2b), leaving behind Ti vacancies in the TiN lattice. Through this

process, the Ti atoms move off the sixfold coordination geometry of Fig. 4.2a and

reduce thereby their too high oxidation state (formally higher than four) [8]. The

oxygen atoms arrange mainly on twofold coordinated adsorption sites, bridging two Ti

atoms, as is frequently seen throughout the simulations (Fig. 4.2b-e).

In the last simulation, the temperature is gradually increased to about 600 K within

the first 2 ps, the system is annealed for 2 ps, the temperature is increased again to

about 900 K within 1 ps and the system is finally annealed for about 5 ps. During

this simulation the oxide film undergoes radical structural changes. The Ti vacancies

created upon oxidation start diffusing into the second atomic layer below the surface,

while further Ti atoms move outwards or into interstitial positions between the (100)

layers or at the metal/oxide interface. The created vacancies are observed to cluster

together, forming contiguous rows in the first and second TiN layer under the surface,

as can be seen in Fig. 4.3 where the final structure is reported showing two periodically
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Figure 4.3: Structure of the TiN(100) surface after the adsorption of six oxygen molecules as shown
in Fig. 4.2. The simulation cell is repeated twice in the x direction. The labels indicate different type
of atoms with their coordination numbers. Ti(Int) are Ti atoms in interstitial positions of the TiN
lattice and Ti(IntOx) an atom in an interstitial position of the oxide. The oxygen coverage is 1.3 ML.

repeated simulation cells. This seems to be consistent with the experimentally observed

clustering of vacancies at the metal/oxide interface upon selective Al oxidation of an

intermetallic TiAl surface [134].

A remarkable feature of the final structure (Fig. 4.3) is the periodic chain of alter-

nating twofold coordinated O atoms and fourfold coordinated Ti atoms in a distorted

tetrahedral environment. This -Ti-O- bridging row closely resembles the so-called “ad

molecule” model for the (1×4) reconstruction of the anatase TiO2(001) surface [135].

In addition, lower-lying rows of fivefold coordinated Ti atoms are bound to four oxygen

atoms and a nitrogen atom of the substrate. A fivefold coordination shell is commonly

found also on TiO2 rutile [136, 137] and anatase [138] surfaces. A distinctive property

of the oxidized TiN system shown in Fig. 4.3 is the high order and the regularity of

the oxide structure, achieved despite the short simulation time accessible with the ab

initio technique.

Remarkably, the N atoms remain in their initial lattice positions and do not take

part in the oxidation process at these oxygen coverages. This suggests that nucleation

of nitrogenous gases may occur only at a later oxidation stage, as confirmed by several

experimental data [12, 126, 128–130]. Also the formation of a crystalline TiO2 layer is

expected to involve a much slower recrystallization process, most probably associated

with the diffusion of oxygen into the bulk and formation of nitrogen gas [139].
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4.3 Defect-free models

The FPMD simulations described above provide a relatively ordered, but defective

structure of a thin oxide layer on TiN(100). As a general drawback of this kind of

simulations, it remains an open question whether the structures obtained bear ther-

modynamically stable features or are frozen in a high-energy metastable state due the

short time scale and the limited system size accessible with FPMD. This concerns in

particular the Ti atoms in interstitial positions and the Ti vacancy clusters at the

TiN/oxide interface (see Fig. 4.3).

The aim of my simulations is to achieve a representative atomistic structure of

oxidized TiN which is consistent with the available experimental results, and reproduces

the main features observed by XPS spectroscopy. This purpose bears the necessity of

complementing the MD simulations with a more extensive phase-space search based

on static calculations evaluated within an ab initio thermodynamics approach. Such

calculations, compared with the FPMD results, will help to reveal intermediate steps of

the initial oxidation process and distinguish thermodynamically stable from kinetically

trapped reaction paths.

Starting point is the repair of the highly-defective system obtained by FPMD

(Fig. 4.3) by removing the interstitial Ti defects and filling all vacant lattice sites

underneath and in the oxide layer with additional Ti atoms. In this way one obtains

the defect-free model shown in Fig. 4.4a. With respect to the surface unit cell, this

model presents a 3×1 periodicity, although I consider here the same 3×3 supercell used
in the FPMD simulations (throughout this Chapter, the notation “(n×m) model”will

refer to the supercell used and not to the intrinsic periodicity of the system consid-

ered). A different choice of the periodic boundary conditions, resulting in a different

ordering of the oxide atoms, may in principle alter the amount of strain present in

the oxide film (especially in the direction perpendicular to the -Ti-O- bridging rows),

and thus influence the stability of the system. For this purpose, the space between

the “ad molecule” rows in the reconstructed system is varied to obtain different n×3
models, with n = 1, 2, 3, containing one chain of fourfold (4f) coordinated Ti atoms

and (n− 1) rows of fivefold (5f) coordinated Ti atoms. The optimized geometry of the

three systems is illustrated in Fig. 4.4a-c.

Evaluation of the surface energies of the three systems following Eq. 4.2 reveals

increasing stability going from (n = 3) to (n = 1). Namely, at zero Kelvin the surface

energies of the (2×3) and (1×3) models are lower than the surface energy of the (3×3)
model by 1.2 and 4.2 J/m2, respectively. Following Eq. (4.3), at 800 K these values

become 0.95 and 3.2 J/m2, confirming the same tendency. On the one hand, this may
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Figure 4.4: Defect-free (n×3) systems (n = 1, 2, 3) after reconstruction of the system obtained by
FPMD simulations (Fig. 4.3) and variation of the supercell periodicity in the y direction. Titanium
and nitrogen sites are labeled with capital and lower case letters, respectively, according to the labels
in Table 4.1. αn are the angles of the TiO4 tetrahedra underneath the “ad molecule” rows in the
respective systems.

be due to the favorable thermodynamic driving force associated with the increased

oxidation state of the TiN surface, whose oxygen coverage is 1.3, 1.5 and 2.0 ML for

n = 3, 2 and 1, respectively. On the other hand, removal of the rows of 5f Ti atoms

with their flat-lying square oxygen coordination structures leads to a relief of surface

tensile strain in the oxide structure. Relaxation is very apparent in the “ad molecule”

structure, consisting of the -Ti-O- bridging row, two symmetrically lower lying rows

of threefold (3f) coordinated O atoms, and their underlying Ti atoms. The angle αn

between the 3f O atoms and the Ti atoms of the bridging row (see Fig. 4.4) drops

from 125◦ for n = 3 to 117◦ for n = 2 and 106◦ for n = 1, which is very close to the

ideal tethraedral angle of 109◦. The fact that the most stable surface reconstruction,

namely the (1×3) system, is exclusively made of “ad molecule” rows points to the high
stability of this particular structure. This will be confirmed also in the next section

after analyzing in detail the process of vacancy formation.



4.4. Vacancies added to the defect-free systems 63

Vacancy

type

Vacancy sites Segregation energy (eV) Ad molecule angle (◦)

(3×3) model (2×3) model (1×3) model α3 α2 α1

No vacancy 125.6 117.1 108.3

Titanium D1 -2.30 -2.56 123.6 114.8

D1, D2 -1.87 (-3.75) -1.73 (-3.46) 115.5 109.2

D1, D2, D3 -1.55 (-4.64) -1.09 (-3.27) 106.4 101.2

D1, D2, D3, E1 -1.37 (-5.49) 104.9

D1, E1 -1.89 (-3.78) 115.2

D1, E2 -2.21 (-4.41) 120.3

C1 -1.11 132.1

C1, C2, C3 -0.57 (-1.70) 134.2

B1 -0.12 -0.24 +1.46 131.6 121.2 109.8

B1, B2, B3 +0.33 (+0.98) +0.21 (+0.62) — 133.3 127.7 —

B1, A2 -0.07 (-0.14) -0.05 (-0.10) 134.2 124.7

B1, D2 -1.24 (-2.48) -1.36 (-2.71) 125.0 118.6

B1, D1 -0.81 (-1.61) -0.94 (-1.88) 123.5 116.8

Nitrogen a1 +0.45 +0.46 +0.73 134.6 120.8 107.7

a1, a2, a3 +0.68 (+2.03) 143.5

b1 +0.65 128.5

b1, b2, b3 +0.70 (+2.09) 128.1

Table 4.1: Segregation energy per vacancy for the reconstructed, defect-free (n×3) systems (n =
1, 2, 3) shown in Fig. 4.4. The values in brackets are the total segregation energies for the whole set
of vacancies. The angle αn is the averaged angle per unit cell of the ad-molecule structure after full
static relaxation. The vacancy sites and the angles are labeled as in Fig. 4.4.

4.4 Vacancies added to the defect-free systems

4.4.1 Titanium vacancies

The FPMD simulations reported in Sec. 4.2 reveal that the formation, segregation and

clustering of vacancies play an important role in the oxidation of TiN surfaces. In the

present Section I focus on the effect of Ti vacancies on the surface stability of each of

the (n×3) systems of Fig. 4.4a-c. For this purpose, I calculate the energy required for

moving one or more Ti vacancies from infinitely distant sites in the bulk to selected

sites in the oxide structure or at the TiN/oxide interface (segregation energy). This can

be achieved by removing selected Ti atoms from the oxidized systems, fully relaxing

their geometry and calculating the vacancy segregation energies according to Sec. 4.1.2

(Equation 4.6). The segregation energies for a selection of representative vacancy sites

(labeled as in Figure 4.4) are listed in Tab. 4.1.

The largest values of segregation energy are obtained for single vacancies localized

into the row of 5f Ti atoms of the (2×3) model (labeled D), followed by the same sites (D
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or E) in the (3×3) model. Clustering of 2 or 3 vacancies in the same row is also favorable

but comprises an increase of the segregation energy per vacancy, most probably because

of the large number of dangling bonds created. Localization of vacancies at these sites

leads to tightening of the nearby Ti-O bonds in the oxide and to release of the tensile

strain in the oxide as suggested by the relaxation of the angle α. This effect is more

pronounced for the (2×3) model, where it leads to an over-contraction of the TiO4

tethraedra (α2 = 101◦).

The relation between vacancy segregation and strain release in the oxide structure is

confirmed also by the high segregation energies for vacancies into the adjacent rows D

and E of the (3×3) model. As predicted in Sec. 4.3, the removal of rows of 5f Ti atoms
or vacancy formation therein has a strong stabilizing effect on the oxide. It favores the

relief of tensile strain and supports relaxation of the angle α, which decreases up to

15%.

In the following I consider the driving force for vacancy segregation in the TiN sub-

strate underneath the oxide layer. For the (3×3) model, similar features as for row D

apply for segregation into the underlying row of Ti atoms (the C row), which are each

bound to five nitrogen atoms and one oxygen atom. This suggests that vacancy forma-

tion at the interface is still favorable but not as much as in the oxide layer. Vacancy

segregation into inner layers, where Ti atoms are surrounded by six nitrogen atoms,

is indeed not expected (ESegr =+0.10 eV per vacancy in the layer just underneath the

interface).

In proximity of the “ad molecule” structure, segregation to B sites is only slightly

favored (for a single vacancy) or not favored (for vacancy clusters) in all considered

models. This holds in particular for the (1×3) model, where a single vacancy in row

B leads to weakening of the connection between oxide and substrate, which are bound

only by a few, very long Ti-O bonds (2.18 Å). For the (3×3) and the (2×3) model, a
single vacancy at site B1 presents negative, but very small segregation energy values.

Inclusion of a second, non-adjacent vacancy at site A2 rises the segregation energies

furthermore towards positive values. Moreover, vacancy segregation into row A and B

gives rise to an increase of the angle α up to 6% for all three models, in contrast to

what was observed for row D and C. Instead, a combination of a vacancy at site B1

with a vacancy in row D lowers the segregation energy per vacancy and the angle α,

as expected.

Summarizing, similar trends emerged in the vacancy segregation behavior of the two

larger models. First, vacancy segregation from the bulk is favored especially into the

outermost oxide layer, where it largely releases the internal tensile strain. Moreover,

while entire rows of vacancies seem to be favorable in the oxide structure, clustering at
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or underneath the TiN/oxide interface appears to be rather improbable, especially in

proximity of the “ad molecule” structure. This accounts for a high stability of the “ad

molecule” structure, which is consistent with its frequent occurrence in many Ti oxide

surfaces [135,140]. In particular, the (1×3) oxide model, whose oxide structure consists
of “ad molecule” rows only, both presents the lowest surface energy and the largest

stability with respect to Ti vacancy segregation among the three systems considered.

4.4.2 Nitrogen vacancies

In this Section, I take into account the possible segregation of N vacancies at the

TiN/oxide interface. Since TiN materials are often under-stoichiometric (TiN1−x), the

reservoir of N vacancies in the bulk may in principle act as a sink for removal of N atoms

from the interface during oxidation. This may allow diffusion of oxygen underneath

the surface and promote oxide growth, providing an alternative channel to the in situ

formation of nitrogen gases.

In the reconstructed structure and in the absence of titanium vacancies, there are

two species of nitrogen atoms at the TiN/oxide interface: those located under the -Ti-

O- bridging row, which are fivefold coordinated, and those underneath the 5f Ti row,

which are sixfold coordinated. A shown in Table 4.1, vacancy formation at both sites

is characterized by positive values of segregation energy of at least 0.5 eV for all three

(n×3) systems. In particular, segregation of a N-vacancy from a sixfold-coordinated site

inside the bulk to a sixfold coordinated site at the metal/oxide interface is unfavored,

since this would lead to the formation of a square-planar fourfold coordinated Ti atom

in the oxide structure, which is incompatible with the formal d0 electronic occupation

of Ti4+ ions. Therefore, localization of nitrogen vacancies under the oxide structures

in the reconstructed systems is not expected. Indeed, nitrogen atoms persist at their

lattice sites even if some of the Ti neighbors leave their coordination shell and bind

to the incoming oxygen, as can be clearly seen in all FPMD simulations described in

Sec. 4.2. It is not clear up to which oxygen coverage do the nitrogen atoms remain

inertly at their lattice sites, and how does the nucleation of nitrogen gases occur.

Partial elucidation of this issue will be provided in Sec. 4.5 after studying the process

of nitrogen vacancy formation directly in the system obtained by FPMD.
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Figure 4.5: a-b) Two views of the (3×3) system obtained by FPMD simulations (shown also in
Fig. 4.2f and 4.3), with labels on the nitrogen atomic sites. α3 represents the “ad molecule” angle,
whose reported value is the average of the three angles present in the unit cell. Ti(int) indicates
interstitial Ti atoms in the TiN lattice and Ti(IntOx) an interstitial atom between the TiN substrate
and the oxide layer.

4.5 Vacancies in the FPMD system

4.5.1 Healing of titanium vacancies

This Section presents a comparison of the behavior of vacancies in the reconstructed

(3×3) model (Fig. 4.4a) and in the original system obtained by FPMD simulations

(Fig. 4.5). The latter contains both interstitial defects and 9 Ti vacancies in the TiN

substrate, which yield a total segregation energy of +1.79 eV with respect to the

defect-free system. The formation of further Ti vacancies in the FPMD is character-

ized by even larger positive segregation energies (of the order of some eV), leading to

a breakdown of the already highly defective oxide structure and to a titanium under-

stoichiometry which is not expected for TiN [125].

At this point it is interesting to understand why, according to Tab. 4.1, vacancy

segregation into the defect-free system appears generally to be favored, although the

vacancy-rich FPMD system is more unstable. This fact implies the existence of a

structure with an intermediate number of defects, which is more stable than either the

two cases considered so far. In order to lift this issue, I perform a series of static total

energy calculations gradually healing the defects present in the FPMD systems, and

report in the diagram of Fig. 4.6 the energetic stability of the key structures obtained.
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Figure 4.6: Diagram of the relative
stabilities of different defective systems
according to the correspondent Ti va-
cancy segregation energies. Shown are
the FPMD system (Fig. 4.5), the same
system after moving the Ti interstitials
to lattice sites (FPMD-Int), the ide-
ally reconstructed (3×3) model (Defect
free), and three intermediate structures
(see text and Fig. 4.7).

It emerges that shifting the two Ti atoms initially located at interstitial positions

of the TiN lattice (labeled Ti(Int) in Fig. 4.5b) to equilibrium lattice positions lowers

the total energy of the FPMD system by 0.62 eV. This leaves the system with 3 and

2 vacancies in the 2nd and 1st layers underneath the oxide structure, respectively, 4

vacancies in the oxide layer, as well as a Ti atom at an interstitial position between

the oxide and the TiN substrate (labeled Ti(IntOx) in Fig. 4.5b). Then I successively

fill the vacancy sites in the TiN substrate. This procedure is the reverse of introducing

vacancies in the defect-free systems (Sec. 4.4.1), and the segregation energies for moving

m titanium atoms from the bulk into the FPMD system can be calculated as in the

case of vacancies (see Sec. 4.1.2), but reversing the sign of the equation.

I find negative (favorable) segregation energies for filling the 3 vacancies in the 2nd

layer and one of the vacancies in the first layer, for a total of -4.86 eV with respect

to the defect free model (model “FPMD-Int+4Ti” in Fig. 4.6 and Fig. 4.7a). One

vacancy remains in the first layer (front-left corner of the structure in Fig. 4.7a), whose

filling with a Ti atom is unfavorable because of the resulting steric hindrance with

the Ti(IntOx) atom. If the latter is now moved to the equilibrium lattice position

nearby and the last vacancy is filled, I obtain a system which corresponds to the defect

free system with vacancies only in the oxide layer, more precisely at the positions D1,

D2, D3 and E1 in Fig. 4.4 (model “Defect-free+4vac” in Fig. 4.6). This is lower in

energy with respect to the defect-free system by 5.49 eV (see Table 4.1 and Fig. 4.6).

Remarkably, if a vacancy is now created in the first layer just underneath the “ad-

molecule” structure, the stability of the system increases by a further 0.22 eV (model

“Defect-free+5vac” in Fig. 4.6 and Fig. 4.7b). In conclusion, the (3×3) system reaches

its thermodynamically most stable configuration with a highly Ti-defective oxide film,

and with one Ti vacancy localized at the TiN/oxide interface.
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Figure 4.7: Two stable reconstructions of the FPMD system. The green spheres represent missing
atoms and highlight the vacancy sites. (a) Reconstructed FPMD system, where 4 Ti atoms have
been added and the Ti interstitials at the interface have been shifted to lattice sites; (b) Defect free
system with 5 vacancies: four vacancies are segregated into the oxide layer and one underneath the
“ad molecule” structure.

4.5.2 Nitrogen vacancies

As a last point I focus on the segregation of N vacancies from infinitely distant bulk

sites to the TiN/oxide interface of the defective FPMD system. As reported in Tab. 4.2,

the segregation energies for selected individual vacancies or vacancy clusters (labeled

according to Fig. 4.5) are negative, in contrast to what observed in the case of the

defect-free systems (Sec. 4.4). It should be mentioned that N-vacancy segregation into

the FPMD system comprises in most cases significant structural changes after geometry

relaxation, in particular leading to partial breakdown of the “ad molecule” structure.

In these cases, the values for the segregation energies are only partly due to vacancy

segregation and mainly due to structural modifications of the system. For instance,

formation of a vacancy at site a3 is particularly favorable because it causes two of

the neighboring Ti atoms to drop from an interstitial to a lattice positions. A similar

rearrangement occurs when an entire row of N vacancies (a1, a2, a3) is introduced,

with the additional effect that two oxygen atoms of the “ad molecule” structure bind

to other Ti atoms of the first TiN layer, as illustrated in Fig. 4.8a. Especially vacancy

formation at sites b1, b2 leads to breakdown of the pre-existing structure: two of the

above-lying oxygen atoms and one Ti atom “fall down” and rearrange exactly on the

lattice sites of the missing atoms, as shown in Fig. 4.8b.

Therefore, the defective FPMD system offers in principle the possibility of segrega-
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Vacancy type Vacancy site Coordination ESegr(eV) α3(◦)
No vacancya 110.1
Nitrogena a1 2f -3.02 110.1

a3 3f -3.56 109.8
a1, a2 2f, 4f -2.25 (-4.50) 113.7
a1, a2, a3 2f, 4f, 3f -2.48 (-7.43) 106.3
b1 3f -0.59 110.1
b3 3f -0.87 111.0
b1, b2 3f, 5f -2.68 (-5.36) 107.9
c3 4f +0.47 110.6

Nitrogenb a1 4f -0.57 106.1
a1, a2 4f, 4f -0.86 105.3

a referred to the FPMD system
b referred to the Defect-free +5vac system

Table 4.2: Segregation energy per nitrogen vacancy for the (3×3) system obtained by FPMD simu-
lations and for the reconstructed defect-free system with 5 Ti vacancies. The vacancy sites are labeled
according to Fig. 4.5, and the coordination number indicates the number of bonds with neighboring
Ti atoms. The values in brackets indicate the total segregation energy for the whole set of vacancies.
The angle α3 is the averaged angle per unit cell of the ad-molecule structure after geometry relaxation.

tion of N vacancies (always present in TiN materials, as mentioned above). Formation

of N-vacancies arises preferentially at the sites of highly undercoordinated nitrogen

atoms, located at the interface in proximity of Ti vacancies or Ti-vacancy clusters.

There is a clear tendency of N vacancy segregation into the highly Ti-defective region

underneath the “ad molecule” structure (sites a1, a2 and a3).

It is interesting to note that this same region is a thermodynamically favorable

site also for the localization of Ti vacancies, as described in the previous Section. In

particular, the most stable among all the structures considered here, i.e. the “Defect

free + 5vac”model (shown in Fig. 4.7), also presents undercoordinated N atoms under

the “ad molecule” structure. Therefore, I calculate the segregation energy for nitrogen

vacancies to these sites, finding values of -0.57 eV for either of the two isolated sites

a1 or a2 and a value of -0.86 eV for segregation to both sites together. This result

indicates that not only the localization of Ti vacancies underneath the oxide structure

is thermodynamically stable, but also the removal of neighboring N atoms.

Such strongly undercoordinated N atoms could represent possible sites for the nu-

cleation of nitrogen gases in a later oxidation stage. This would be in accordance with

experimental data, which assume that N2 or NO form at interstitial positions and re-

main initially trapped in the uppermost oxide layer. However, substituting the two N

atoms underneath the “ad molecule” structure in the “Defect free + 5vac” model with
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Figure 4.8: Nitrogen vacancies in the (3×3) FPMD system shown in Fig. 4.5. a) Relaxed system after
formation of three vacancies at sites a1, a2, a3. b) Relaxed system after formation of two vacancies at
sites b1, b2. In both cases, the system undergoes radical structural changes as a consequence of the
vacancy formation. The atoms which rearrange most are marked with ellipses (see text).

an interstitial N2 molecule leads to an increase of the total energy by 4.29 eV. There-

fore, gas formation may either require a larger degree of disorder to minimize the steric

clash between the molecule and the oxide structure, or take place at later oxidation

stages, in particular at higher oxygen coverages (confirming the finding of the FPMD

simulations in Sec. 4.2).

4.6 Mechanisms of the oxidation of TiN

The results presented in this Chapter suggest that the early stages in the oxidation

process of TiN surfaces may proceed along two possible pathways.

The first possibility is that oxidation occurs following a thermodynamically stable

path, with the progressively oxidized structures always representing a minimum of the

potential energy surface. In this case we predict the formation of a highly ordered oxide

structure, such as the system in (Fig. 4.2c), which consists only of “ad molecule” rows

and presents a (1×1) surface unit cell. This system not only features a lower surface

energy than longer-ranged periodic systems, but the process of vacancy segregation to

the TiN/oxide interface is strongly inhibited, accounting for a high intrinsic stability

of the structure. However, for the same reasons, the chemical inertness of such a

system implies that further oxidation reactions would be associated with a very high

energy barrier. In particular, this would arise from the absence of any adsorption sites
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for incoming O2 molecules and the strong repulsion by the negatively charged oxygen

atoms of the oxide structure.

Moreover, this reaction path has no favorable location for a Ti vacancy at the in-

terface, which seems to be a prerequisite for the removal of N atoms (as found in

Sec. 4.5.2). It has to be expected that in this scenario, oxide growth, necessarily re-

quiring removal of nitrogen, would be inhibited over extensive surface regions covered

by the oxide layer. This behavior would contradict the results of a number of experi-

ments, which predict formation of a thicker TiO2 oxide structure and release of N2 or

NO. However, in principle the formation of an ultrathin and structurally perfect oxide

passivation layer may be possible under conditions of intermediate temperature and

low partial oxygen pressures. The temperature of the system should be high enough to

allow the Ti vacancies created upon initial oxidation to diffuse away from the TiN/oxide

interface, but low enough to prevent major rearrangements of the initially nucleated

oxide islands into pseudo-amorphous and more reactive structures. The oxygen pres-

sure should be low enough to allow the system to reach equilibrium after each highly

exothermic O2 dissociation reaction. Whether such conditions are actually accessi-

ble to oxidation experiments is an open question, to answer which will require novel,

quantitative investigation.

The second possibility is that the oxidation proceeds along a kinetically driven

path with formation of metastable intermediate structures, similar to those obtained

in the FPMD simulations. These are representative of very low temperature conditions,

where vacancies and defects remain trapped inside the structure and the kinetics of the

oxidation prevents them from rearranging into stable structures or dissolving into the

bulk. Under these conditions, oxide growth is not necessarily inhibited. In fact, the

dissociation of O2 involves a high heat release in the form of kinetic energy, which

enables relatively high energy barriers to be overcome. However, the generated heat is

distributed on a ps timescale through the whole system, such that the oxide structures

formed often do not reach the thermodynamic ground state (see also [38, 46]). This is

consistent with the fact that thin oxide films investigated by a combination of STM

experiments and DFT simulations reveal themselves generally as thermodynamically

metastable [41]. One can thus assume that the formation of metastable structures as

a consequence of the highly exothermic O2 dissociation is a fundamental characteristic

of the spontaneous oxidation of metal surfaces at very low temperatures.

Under normal atmospheric conditions, one should expect that oxidation may pro-

ceed along a path bearing features of both extreme cases described above. In particular

the long time scale (compared with the one accessible by FPMD) of typical oxidation

processes may allow both healing of high-energy defects such as interstitials, and va-
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a) b)

Figure 4.9: a) Formation of an NO bond during an FPMD simulation. The coverage of the system
comprises 1.56 ML. b) Photoemission spectrum taken after a dosis of 50 L of O2 on TiN(100) at
various temperatures. A clear peak indicating the presence of NO appears at low temperatures (taken
from Ref. [130]).

cancy diffusion to an extent which strongly depends on the actual system considered.

In the case of TiN(100), I found that the formation of Ti vacancies plays an essential

role during the early oxidation stages of TiN, not only allowing substantial rearrange-

ment of the oxide structure after the reactions with O2, but also helping to stabilize it

and leading to substantial relief of internal strain. In particular, I found that formation

of Ti vacancies in the oxide layer and at the TiN/oxide interface, especially underneath

the “ad molecule” -Ti-O- row, is thermodynamically favored.

Moreover, vacancy segregation seems to be an indispensable feature that allows

the removal of nitrogen atoms and oxide growth, as found in a number of experimental

results. The release of nitrogen from the system seems to be feasible only in the presence

of a defective structure and highly undercoordinated nitrogen atoms at the interface.

Indeed, an early site-exchange of oxygen and nitrogen atoms can be ruled out due

to its large endothermicity [130], and the formation of N vacancies in the defect-free

systems considered here is highly unfavorable. Instead, localization of N vacancies at

the TiN/oxide interface is thermodynamically favored on undercoordinated N sites.

Notably, Ti vacancies form spontaneously during the initial oxidation reactions

(as observed in the FPMD simulations), and remain underneath the resulting oxide

structure as stable features (as revealed by the ab initio thermodynamics analysis).

Therefore, the presence of undercoordinated N-atoms is not only a consequence of

the disorder caused by the largely exothermic O2 dissociation reactions, but also an

intrinsic property of the system, as long as formation of reconstructed structures such
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as the “ad molecule” -O-Ti- bridging rows takes place. The latter are very stable

structural features in the calculations and their presence has been deduced in a number

of experimental investigations [131, 135, 141]. It is thus possible to suggest that the

initial removal of N atoms may take place at the TiN/oxide interface shortly after

formation of an ultrathin oxide layer. Indeed, in a further FPMD simulation with

adsorption of a seventh O2 molecule, the formation of a NO bond is observed for the

first time. The bond is formed among two atoms at the interface, which are still

bound to the oxide structure, as shown in Fig. 4.9a. This is in excellent agreement

with photoemission data, which disclose NO features at low temperatures, as shown in

Fig. 4.9b. The FPMD results may be a first hint to the early formation of interstitial

NO molecules at low temperatures, even prior to formation of N2 molecules.
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Chapter 5
Surface composition of the CoCr alloy

In this Chapter the details of the cooperative interactions among cobalt and chromium

when composing an alloy are presented. Particular attention is paid to the properties

of the alloy surface with respect to the arrangement of the elements in proximity of

the surface. For this purpose, an extensive analysis of surface segregation and of the

stability of different alloy models in vacuum has been performed.

However, the behavior of a CoCr alloy varies drastically in the presence of oxygen.

On one hand, the interactions inside the alloy (e. g. resulting in charge transfer between

the atoms) may influence the surface reactivity towards oxygen adsorption. On the

other hand, the formation of an oxygen ad-layer may in turn have an effect on the alloy

composition just beneath the surface. To address these issue, I focus on the properties

of different surface models with a layer of adsorbed oxygen.

The results of this Chapter have been published in Ref. [142].

5.1 Alloy surface models

Before turning to alloy surfaces, I introduce some general structural features of a CoCr

alloys. These exhibits negligible alloying stress due to the very similar lattice constants

of its components. Indeed, the atomic nearest-neighbor distance in pure hcp cobalt

and in bcc chromium assumes the values 2.51 Å and 2.49 Å, respectively. This leads to

a good mixing compatibility of the elements, according to the phase diagram of CoCr,

shown in Fig. 1.4. In this thesis, I concentrate on the typical technological composition

with a ratio Co:Cr=2:1. As a model system I choose a hcp crystal structure with the

lattice constant of pure Co. The choice of this model is justified by the fact that a solid

solution of Cr atoms in an hexagonal ε-Co matrix represents the most abundant phase

in technological Co-based alloys used for biomedical implantations [143,144].

75
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5.1.1 Stacks of single element layers

Starting point for the investigations of a CoCr alloy surface is a (1×1) surface cell model
corresponding to a stack of nine (0001) atomic planes, each plane containing only one

element. In this way, the unit cell consists of totally 6 Co atoms and 3 Cr atoms. An

analysis of the surface properties has been performed by varying the arrangement of

the atoms in the cell, with the constraint of keeping one Cr atom fixed in the center of

the slab and locating the other two Cr atoms in symmetric positions with respect to

it, as shown in the example of Fig. 5.1(left). The presence of an ad-layer of oxygen has

been reproduced by using symmetric configurations with O atoms adsorbed on both

sides of the metal slab.

The system has been simulated with periodic boundary conditions and a vacuum

gap of thickness corresponding to 9 metal layers in the direction perpendicular to the

surface. A distribution of 6×6×1 k points has been used for the (1×1) surface cell.
All calculations are performed within a spin-polarized formalism and a cut-off energy

of 40 Ry. Geometrical optimizations have been done until all force components on

all unconstrained atoms were less than 0.01 eV/Å. Convergence of energy differences

with respect to the used cut-off energies, k -point grids, surface slab thickness and size

of the vacuum gap between slabs has been tested in all cases within a tolerance of

10 meV/atom.

The surface energy per atom of the (1×1) models has been computed as half the

difference between the total energy of the system with vacuum gaps separating the

slab from its repeated images in z direction and the total energy of the corresponding

system without gap (see Eq. 3.1). The total energy of each system has been computed

both for bare and oxygen-covered surfaces, relaxing the atomic positions of all atoms

composing the surface slab. The results are summarized in the graphs of Fig. 5.1,

where the different models are labeled on the x-axis according to the position of Cr

with respect to the surface layer (the surface layer is labeled 1, the first subsurface

layer is labeled 2, and so on).

In the presence of an oxygen ad-layer, the calculated total energies are indicative of

a net driving force for segregation of Cr to the surface layer, due to its larger affinity

to oxygen (Fig. 5.1c). For bare systems, however, the situation is more complex.

The most stable configuration corresponds to a Co surface layer and a Cr subsurface

layer, which also leads to the lowest surface energy. On one side, this is consistent with

the lower surface energy of pure Co compared to Cr in a hcp lattice (by about 0.16 eV

per surface atom). Moreover, the effect of alloying results in charge transfer from the

less noble element, i.e. chromium, to the other element. Indeed, the electronegativities
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Figure 5.1: Left: The simulation cell highlighted with a (1×1) surface cell and 9 atomic layers, which
results in 6 Co atoms (blue) and 3 Cr atoms (green), here shown in the presence of 1 ML adsorbed
oxygen (red). One Cr atom is fixed in the center of the slab. The direction z is perpendicular to the
surface, indicated by straight lines. Right: The calculated surface energies γ per surface atom (panel
a) and total energies E of the (1×1) cell for bare surfaces (panel b) and in the presence of an oxygen
ad-layer (panel c). The layer numbers on the x-axis indicate the positions of the two Cr atoms lying
symmetrically with respect to the slab center. The energies E are reported relative to the energy
calculated for Cr placed in the fourth layer below the surface.

of Cr and Co amount to 1.66 and 1.88, according to the Pauling scale [145]. For this

purpose, atomic charges have been computed according to a Bader decomposition of

the charge density according to the grid-based algorithm of Henkelman et al. [146].

An analysis of the Bader atomic charges reveals that Cr atoms in a Co matrix donate

up to about 0.3 electrons into the d-band of Co atoms, as presented in Tab. 5.1.

Accordingly, the filling of the d band of the Co surface atom increases due to donation

(0.18 electrons) from the Cr subsurface atom. As originally proposed by Friedel [147]

and later discussed in [113, 148, 149], for metallic systems with more than half-filled

d-bands, as cobalt, the surface energy is expected to decrease with increased filling of

the d-band. Thus, a minimum surface energy is obtained for a surface Co layer and a

subsurface Cr layer.

On the other hand, a favorable mixing of the two elements is obtained when the Cr

atoms move away from the inner of the slab, occupied itself by a Cr atom. This leads
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1 2 3

CrCoCo CoCrCo CoCoCr

BL1 0.15 -0.18 -0.03

BL2 -0.14 0.33 -0.12

BL3 -0.01 -0.15 0.28

O -0.75 -0.88 -0.92

OL1 0.86 0.76 0.93

OL2 -0.11 0.27 -0.17

OL3 0.01 -0.14 0.30

Eads -3.60 -1.65 -1.79

Table 5.1: Bader charges and oxygen ad-
sorption energies Eads for different (1×1) layer
stacks. The models are labeled with layer num-
bers as in the graphs of Fig. 5.1. For clarity,
the elements in the first, second and third layer
are also reported. The symbols BLi and OLi in
the left column denote the Bader charge of an
atom in the i-th layer for a bare surface (BL)
and in the case of an oxygen ad-layer (OL).

to a total energy minimum for the system with Cr in the subsurface layer. Indeed, as

the Cr layer moves toward the slab center the total energy increases, partly because of

the unfavorable demixing into separated Co and Cr phases. Additionally, this may also

originate from unfavorable magnetic ordering in the (1×1) model, which forces the Cr

atoms within each layer to bear the same spin moment (while in bulk bcc-Cr nearest

neighbor atoms couple antiferromagnetically with a magnetic moment of 1.02 μB). The

situation is particularly unfavorable when the Cr layers are not separated by Co layers,

to which they are found to couple antiferromagnetically.

A similar behavior has been found also for a PtPd alloy [142], where platinum

exhibits a higher electronegativity (2.28) than palladium (2.20). Also in this case, the

system with the more noble metal (Pt) as a majority element exhibits a minimum of

the total energy and of the surface energy for a subsurface layer composed of Pd and

a surface layer of Pt, due to electron donation (0.10 electrons) from Pd into the d

band of Pt. This corresponds exactly to the situation of Co and Cr considered above

and occurs even though pure Pt has higher surface energy than pure Pd (0.64 and

0.56 eV/atom, respectively). Accordingly, a system with the less noble metal (Pd) as

a majority element exhibits a maximum of the surface energy for a Pt subsurface layer

and a Pd surface layer, due to electron depletion in the d band of the Pd surface atoms.

5.1.2 Mixed layers

To go beyond the limitations imposed by (1×1) surface models larger alloy surface

models composed of mixed atomic layers are considered. The results obtained in the

previous Section (Fig. 5.1) indicate that the differences in surface energy and oxygen
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Figure 5.2: Total energies E of different CoCr alloy models (Co blue, Cr green) for a (2×2) surface
unit cell calculated in the absence and in the presence of an oxygen ad-layer at a coverage of 1 ML.
All energy values are relative to system 5.

affinity are mainly determined by the elements in the surface and first subsurface layer,

while the deeper layers influence the surface chemistry only to a minor extent. For this

reason, surface models taking into account different compositions of the topmost layers

are investigated.

The CoCr surface has now been modeled by a (2×2) surface cell with a hcp metallic
slab of six atomic layers separated by a vacuum gap of the same thickness. Five systems

of equal composition (Co:Cr=2:1), but with different pseudo-random arrangements of

Co and Cr atoms on the lattice sites have been considered (see Fig. 5.2). The first

system corresponds to surface segregation of Cr only. Going from the first to the fifth

system, the Cr atoms mix with Co in the inner part of the slab and Co atoms move to

the surface until pure Co surface segregation.

Electronic structure calculations of these five systems reveal transfer of electrons

from Cr to Co atoms, similarly as in the previously discussed 1×1 models (see Tab. 5.1).
In the case of bare metal surfaces, the total energy of the systems decreases from system



80 Chapter 5. Surface composition of the CoCr alloy

1 2 3 4 5
System

0.7

0.75

0.8

0.85

0.9

0.95

γ 
(e

V
)

1 2 3 4 5
System

-2

-1.5

-1

-0.5

0
ΔH

m
ix

(e
V

) Cr hcp

Co hcp

Figure 5.3: Calculated enthalpies of mixing ΔHmix, relative to the value for system 1, and surface
energies γ per surface atom of the 2×2 CoCr systems displayed in Figure 5.2.

1 to system 5 by about 3.1 eV (Fig. 5.2). This is due to a combination of the lower

surface energy of Co(0001) with respect to hcp-Cr(0001) and of the negative enthalpy

of mixing of the alloy. For models containing two elements A and B, the enthalpy of

mixing ΔHmix can be computed as:

ΔHmix = ESlab
AB −Nsurfγ −NAE

Bulk
A −NBE

Bulk
B , (5.1)

where ESlab
AB is the total energy of a given slab model, γ is the corresponding surface

energy, Nsurf is the number of surface atoms, E
Bulk
A and EBulk

B are the bulk energies per

atom of the separate elements, and NA and NB are the number of atoms of species

A and B in the models. The enthalpy of mixing and the surface energy of the five

considered CoCr models are reported in the graphs of Fig. 5.3. The graphs show a

decrease of both surface energy and mixing enthalpy as the Cr atoms move in the Co

matrix, except for system 5, where complete Cr depletion of the surface layer leads to

a slight increase of ΔHmix. The surface energy γ decreases steadily from 0.93 eV per

surface atom for system 1 (Cr surface layer) to 0.72 eV per surface atom for system 5

(Co surface layer). Consistent with the discussion in the previous Section, the surface

energy of system 1 is slightly larger than the surface energy of pure Cr in the hcp lattice

due to electron transfer from surface Cr atoms to subsurface Co atoms, which depletes

the Cr d-band more with respect to the pure metal.

Contrary to the trend observed for the bare models, Cr surface segregation becomes

energetically favorable in the presence of 1 ML of oxygen adsorbed on hollow sites on

the alloy surface. The total energy gain for going from system 5 to system 1 is 1.2 eV per

surface atom (Fig. 5.2), indicating a strong thermodynamic force for oxidation-driven

Cr segregation.

As far as the magnetic ordering is concerned, the magnetic moments on the Co
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atoms are about 1.5 μB in pure Co layers, and are reduced to about 0.6 μB in layers

containing Cr atoms. In general, Cr atoms are found to couple antiferromagnetically

to the atoms of the Co matrix. Between Cr–Cr neighbors, antiferromagnetic coupling

is often observed. The magnetic moments on the Cr atoms vary from 0.0 to about

±1.0 μB, depending on the local alloy structure in a non-trivial manner. In the surface

layer, an overall enhancement of the magnetic moments is found for a bare surface,

while the presence of an oxygen ad-layer leads to almost fully quenching the surface

magnetization, in agreement with previous calculations of similar systems [116]. For

each system, the existence of different magnetic solutions has been checked by different

initialization of the wave functions prior to electronic minimization. Often the magnetic

ordering obtained after electronic minimization changed with respect to the initial

guess, leading to the same final configuration. In a few cases different local minima

have been found, but the total energy differences among different magnetic solutions

are about one order of magnitude smaller than the differences between different atomic

configurations (i.e. of the order of 0.1 eV against a few eV).

5.2 Oxygen adsorption

In this Section are discussed in detail the results of the calculated adsorption energies

of oxygen atoms on different CoCr alloy surfaces. According to Sec. 3.2.2, we consid-

ered oxygen atoms adsorbed on the stablest “hollow” adsorption sites with a threefold

coordination. Within the DFT approach, the adsorption energy (or heat of adsorption)

is defined as

Eads =
1

NO

[
EO@M − EM −NO

1

2
EO2

]
(5.2)

where EO@M is the total energy of a given slab model with adsorbed oxygen and EM the

corresponding energy of the bare slab. EO2 is the total energy of an oxygen molecule

and NO is the number of adsorbed O atoms. On pure Co(0001) and hcp-Cr(0001)

the calculated adsorption energies at an oxygen coverage of 1 ML amount to -1.7 and

-3.5 eV, respectively (see also Sec. 3.2.2). In the case of alloy surfaces, deviations

from these values are expected due to different surface reactivities originating from

charge transfer processes. As shown in Tab. 5.1, for a Cr subsurface layer below a Co

surface layer, oxygen binding is weaker than on pure Co by 0.05 eV, whereas for a Co

subsurface layer below a Cr surface layer, oxygen binding is stronger than on pure Cr

by 0.08 eV. This effect can be observed also in the (2×2) models of Fig. 5.2, whose
calculated adsorption energy values are shown in Fig. 5.4a. Similarly, in a PtPd alloy,
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Figure 5.4: (a) Adsorption energies per oxygen atom for the model systems shown in Fig. 5.2 with
1 ML oxygen. The presence of Co (Cr) atoms in the subsurface layer lowers (increases) the absolute
value of the adsorption energy on a hcp-Cr (Co) surface. (b) Calculated oxygen adsorption energies
versus centers of the d-band (filled circles) and of the whole valence band (empty circles) projected
on the surface atoms for the five CoCr alloy models shown in Fig. 5.2 (the indicated numbers refer to
these systems). The d-band centers are computed for the DOS of the separate minority and majority
spin manifolds (upright and downright triangles connected with dashed lines) as well as for their sum
(full line).

oxygen is more weakly bound (by 0.06 eV) to a Pt surface layer in the presence of a Pd

subsurface layer than to pure Pt. In the opposite case of a Pt subsurface layer below

a Pd surface layer, oxygen is more strongly bound than on pure Pd. Moreover, the

adsorption energy has been found to be nearly independent of the underlying Pd or Pt

substrate, but to depend substantially on the surface composition. For further details

refer to Ref. [142].

The charge transfer effects observed in alloys result in shifts of the valence electron

band with respect to the Fermi level. According to the d-band center model introduced

by Hammer and Nørskov [150], increased or decreased band filling leads to weaker or

stronger oxygen binding, respectively. This model is found to be reasonably valid for

the CoCr surface models considered here, as shown in Fig. 5.4b, and applies also for

other binary alloy surfaces, as e.g PtPd [142]. The oxygen adsorption energy is roughly

linearly related to the position of the center of the density of states (DOS) projected

on the d-bands of the surface atoms of the bare surface models, with respect to the

Fermi level. This highlights the intimate connection between the charge-transfers due

to alloying and the resulting surface reactivity. Moreover, there is also a contribution

of the metal s- and p- states to the bonding of oxygen, and the positions of the centers

of the whole valence bands differ from the centers of the d-band by about 0.2 eV.

Finally, for CoCr, the surface may exhibit more or less pronounced magnetization.
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In this case, a roughly linear relation between d-band center and oxygen adsorption

energy is obtained for the sum of the d-bands associated with the majority and minority

spin-manifolds, but not for either separate manifolds (Fig 5.4).

In summary, when a more electronegative element (Co) is present on the surface at

high concentration and a less electronegative element (Cr) is present in the subsurface

layer, then the d-band of the surface atom becomes more filled compared to the pure

element. This results in a lower surface energy and a weaker oxygen binding with

respect to the pure metal. On the contrary, a higher surface energy and stronger

oxygen binding is obtained when the less electronegative atom is in the surface layer

and the more electronegative atom in the subsurface layer.

In the specific case of CoCr alloy surfaces exposed to an oxidizing environment,

a strong thermodynamical driving force for surface segregation of chromium exists

because of the large formation enthalpy of chromium oxide compared to cobalt oxides.

Under vacuum conditions, however, both because of the higher electronegativity and

of the lower surface energy, Co atoms are expected to segregate to the surface of alloys

at the typical technological Cr concentration of 30 at%. Given the different favorable

surface compositions depending on the environmental conditions, a question which

remains to be answered is how the rearrangement of surface atoms takes place during

oxidation of initially bare Co-rich CoCr alloys. This issue will be addressed in Chap. 6.
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Chapter 6
Oxidation of Co, Cr, and CoCr alloys

This Chapter starts with a brief introduction to the oxidation of CoCr and of its

constituents on the basis of the available experimental information. This is followed

by a description of the simulation model systems and of the particularities arising in

their treatment via Car-Parrinello molecular dynamics.

Sec. 6.2 deals with two primary issues: i) the mechanisms of the initial oxide forma-

tion on Co(0001), Cr(110) and on two model systems of a Co67Cr33(0001) alloy surface;

ii) a detailed analysis of the atomistic structure of the native oxide films formed on these

four structures. The initial oxidation is modeled on the basis of first-principles molecu-

lar dynamics (FPMD) simulations and concerns the interaction of oxygen with the bare

surfaces up to coverages between 1 and 2 monolayers. The properties of the obtained

oxidized structures are investigated through an analysis of the atom-resolved density of

states, the radial distribution function, the atomic charges, and the magnetic moments.

Particular attention is paid to a comparison with the properties of the most stable bulk

oxides, i.e. CoO, Co3O4, and Cr2O3.

A detailed analysis of the energetics of the oxidation processes and of the work

function changes during oxidation is included in Sec. 6.3.

An extensive analysis of the results obtained by FPMD simulations is performed in

Sec. 6.4, first for pure cobalt and pure chromium, and afterwards for the CoCr alloy.

A short summary concludes the Chapter.

Part of the results of this Chapter have been published in Ref. [151].
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6.1 Preliminary considerations

6.1.1 Experimental data on the oxidation of CoCr

While a number of studies exist about the high-temperature oxidation of CoCr al-

loys [152–154], only a few deal with the initial oxide formation at low temperatures,

and theoretical works are absent. Experiments by X-ray photoemission spectroscopy

at room temperature observe a preferential oxidation of Cr, with the first atomic layer

of oxide being formed as a mixture of Co and Cr ions. Some authors suggest that Co

and Cr oxidize independently and each similarly to the pure metal surfaces [155]. The

growing oxide reveals features of CoO, Cr2O3 and CoCr spinels, and to a minor extent

Co3O4 [22,156,157].

More literature is available on the oxidation of the separate pure metals. The

oxidation of Co(0001) leads to different species depending on the temperature. At or

above 300 K, oxygen diffuses into the bulk and forms CoO, followed by oxidation of CoO

to Co3O4 by a nucleation and growth mechanism [31,158]. At lower temperatures, the

oxidation starts immediately with formation of a Co3O4-like oxide [159,160]. Notably,

the same phenomenon has been observed also for other Co surface orientations [161,

162]. However, no information on whether the initially formed oxide structure presents

amorphous or crystalline character is provided.

Instead, it is well-known from experimental data that bulk chromium oxidizes with

formation of a thin film of Cr2O3 on the surface over a wide temperature range. The

oxide film exhibits a limiting thickness which is strongly temperature dependent, in-

dicating that the oxidation process may be controlled by Cr-ion diffusion [163]. At

low temperatures, the initial oxidation of Cr(110) seems to be characterized by for-

mation of a disordered Cr2O3 layer with a saturation coverage below 1 nm [164]. It

remains unclear whether the disorder is due to the presence of water in the oxide [165]

or to the scarce mobility of atomic oxygen, which prevents the formation of ordered

overlayers [166], as instead observed at 300 K [167]. Above room temperature, sev-

eral low-energy electron diffraction (LEED) works report on the epitaxial growth of

α-Cr2O3(0001)||Cr(110) thin films [163, 165, 168]. The assumption of a layer-by-layer

growth mechanism is supported by the absence of roughening at the surface and the

metal/oxide interface.

Despite the amount of experimental data on the final species obtained, the oxi-

dation mechanisms of CoCr, Co, and Cr remain unknown and information about the

atomistic structure and composition of native oxide films formed at low temperature

is not available. In this Chapter, I aim to elucidate the mechanism of oxide nucleation
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on a Co67Cr33(0001) alloy surface and on the pure Co(0001) and Cr(110) surfaces on

the basis of first-principles molecular dynamics simulations (FPMD).

6.1.2 Simulation set-up for magnetic systems

Description of the model systems

All surfaces have been simulated with periodically repeated simulation cells consisting

of a slab of six stacked metal layers separated by a vacuum gap of thickness correspond-

ing to six metal layers in the direction perpendicular to the surface. The Co(0001) and

the CoCr(0001) surfaces have been modeled by a rectangular hcp-(3×2
√
3) surface

unit cell, and the Cr(110) surface by a bcc-(3×2
√
2) surface unit cell, all including 12

surface atoms. The CoCr alloy has been modeled by an hcp crystal lattice with the

equilibrium lattice constant of pure Co.1 The results of Chap. 5 reveal enrichment of

cobalt in the Co67Cr33 alloy surface layer for vacuum conditions, while experimental

data for a Co86Cr14 alloy reveal that the near-surface Cr content amounts to up to 25%

after vacuum annealing of the clean alloy surface [156]. On the basis of these data,

I considered two different CoCr model surface systems with different arrangement of

the Cr atoms in the simulation supercell, and in particular with differing Cr content

in the surface layer. Following the composition Co:Cr = 2:1 typical for technological

alloys, 48 Co atoms and 24 Cr atoms are included in the simulation supercell. The

number of Cr atoms in the surface, the second and the third layer are 1, 5, and 6 for the

first model system (called CoCr 1 from now on) and 3, 4, and 5 for the second system

(called CoCr 3), respectively. Within each layer, the Cr and Co atoms are randomly

arranged. Both systems are symmetric with respect to the center of the slab.

Electron minimization and magnetic ordering

All systems considered in this Chapter are characterized by a magnetic order and

therefore by a complex potential energy landscape. This fact requires special care

for the electronic structure calculations in order to find the correct magnetic ground

state. If the magnetic structure is not known a priori, electron minimization can lead

the system to local minima of the potential energy surface, and some minimization

schemes may not be able to converge to a well-defined energy minimum at all. Using

a Car-Parrinello damped dynamics scheme it is always possible to reach convergency

using a sufficiently small time step of generally 2.5 au and never exceeding 3.0 au. Prior

1The Co-Co nearest-neighbor distance in hcp-Co (2.49 Å) is very close to the Cr-Cr distance in
bcc-Cr (2.48 Å).
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to minimization, the wave functions have been either randomly initialized, or initialized

as atomic orbitals imposing an initial magnetic ordering to the metal atoms. For each

system, different initializations checking the existence of different magnetic solutions

have been performed. Throughout this Chapter are illustrated the magnetic orderings

bearing the lowest total energy (among those tested). During the minimization, a

very slow quenching of the electronic temperature has been applied, performing about

40 CP iterations with a smearing temperature of 5.0 eV, 40 iterations with 3.0 eV,

60 with 1.0 eV, 60 with 0.8 eV, 60 with 0.5 eV, 80 with 0.3 eV and the necessary

number of iterations at 0.1 eV in order to reach convergency. Following this procedure,

the global energy minimum has been most often reached starting from random wave

functions. Where different local minima have been found, the total energy differences

among different magnetic solutions were about one order of magnitude smaller than

the differences between different atomic configurations (i.e. of the order of 0.2 eV per

supercell against a few eV). In the consecutive FMPD simulations of the oxidation

reactions of each surface, the consistency between the magnetic structure at the end of

a FPMD simulation and at the beginning of the following one has been checked in all

cases.

As introduced in Chap. 3, the ground state of bulk Co in the hcp lattice is ferro-

magnetic and the one of bulk Cr, using a bcc cubic cell, is antiferromagnetic. For both

the CoCr alloy model systems, antiferromagnetic coupling between Cr and Co atoms

in the surface layer has been found, with the magnetic moments of the Cr atoms being

about 2.4 μB and those of the Co atoms lying between 0.8 and 1.5 μB. Instead, in the

center of the slab (i.e. the in third subsurface layer), almost full spin quenching of both

elements has been observed.

All calculations have been performed at the standard GGA level, which results

in the wrong electronic structure of CoO (metallic instead of insulating) and to severe

underestimation of the band gap in Co3O4 and Cr2O3. However, the magnetic ordering,

the energetics and the structural features of the oxides are correctly reproduced.

Molecular dynamics strategies

All FPMD simulations have been performed starting from fully relaxed systems with-

out imposing initial velocities on any atom. The same time-step of 2.5–3.0 au used for

electronic minimization revealed to maintain the adiabaticity between the electronic

and ionic degrees of freedom during the MD simulations. Unless otherwise stated,

microcanonical MD simulations have been performed. Where required, control of the

simulation temperature has been achieved through a velocity rescaling of the ions, with
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typical heating or cooling rates of the order of 300 K/ps. The atoms of the outermost

surface layer not involved in the oxidation reactions were kept fixed during the dynami-

cal simulations, but not during the static relaxations. After all geometry optimizations,

all force components on all unconstrained atoms were less than 0.05 eV/Å.

All simulations have been performed considering adsorption of oxygen molecules

only on one surface of the slab, hence inducing a surface-dipole and an electrostatic

asymmetry in the supercell. In order to circumvent the build-up of an artificial uniform

electric field across the vacuum region due to periodic boundary conditions, a dipole

correction consisting of an external field that instantaneously compensates the artificial

field has been applied (see e.g. Ref. [169, 170]). This translates into a step of the

electrostatic potential in the middle of the vacuum region, whose height provides the

value of the work function difference between the oxidized and the bare surfaces. For

each system, the computed values of the work function of the bare surface lie within

±0.005 eV, irrespective of the oxidation state of the opposite surface.

6.2 Results

6.2.1 Oxidation of Co(0001)

FPMD simulations

The study begins with consecutive FPMD simulations of the adsorption of oxygen

molecules on the Co(0001) surface, reaching a final coverage of 1.67 ML.

In the first simulation, a single oxygen molecule, initially at rest, is placed at a

distance of about 2.8 Å over the fully relaxed surface, i.e. at virtually 0 K, and the

system is let free to evolve according to a microcanonical Car-Parrinello dynamics. The

molecule is attracted by the surface, binds initially to two Co atoms, and dissociates

spontaneously through the same “hot atom” dissociative mechanism already observed

for Al [38], Si [40], Ti [171], and TiN [45], as shown in Fig. 6.1a and in Fig. 6.2a. The

process is characterized by electron donation from the metal atoms into the antibonding

π∗ and σ∗ orbitals of O2. This is reflected in the evolution of the total charge of the

two oxygen atoms and leads to evident oscillations in the spin density, as shown in

Fig. 6.2b. The reaction is highly exothermic and comprises a large release of kinetic

energy, which is dissipated during the following few picoseconds by migration of the

oxygen atoms over the surface. After quenching of the atomic motion, the O atoms

are stably adsorbed at fcc adsorption sites with a Co-O distance of 1.84 Å, as shown

in Fig. 6.1a. Starting from this configuration, a further nine O2 molecules are placed



90 Chapter 6. Oxidation of Co, Cr, and CoCr alloys
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Figure 6.1: Selected final snapshots of ten consecutive FPMD simulations of the initial oxide forma-
tion on the Co(0001) surface. Cobalt atoms are shown in blue and oxygen atoms in red, the oxygen
coverage of each snapshot is indicated. The isosurfaces illustrate regions of positive (grey) and negative
(orange) spin density.

one at a time above the surface, and FPMD simulations are performed until an initial

oxide layer develops on the metal substrate. The final snapshots of the simulations

after atomic relaxation are shown in Fig. 6.1a-h.

With increasing coverage, repulsion of incoming O2 molecules takes place. Adsorp-

tion for coverages higher than 0.5 ML occurs only if the oxygen molecules are initially

placed close enough to the surface (about 1.2–1.5 Å). With the adsorption of a fourth

O2 molecule (0.67 ML) a cobalt atom leaves the surface plane, being extracted by an

oxygen atom that remains bound on top, as shown in Fig. 6.1c. In the subsequent sim-

ulation (to reach a coverage of 0.83 ML), a dioxygen molecule adsorbs on the surface

but does not dissociate spontaneously. Thus, the simulation temperature is gradually

increased to ∼600 K. The thermal motion of the surface leads to an increased amplitude
of the O2 stretching mode until the bond length becomes large enough to enable partial

filling of the σ∗ antibonding molecular orbital. This results in the dissociation of O2

after 1.9 ps and incorporation of O atoms below the surface plane, filling a vacancy left

by an outcoming cobalt atom (Fig. 6.1d). Similarly, up to a coverage of 1.67 ML, the

energy released upon dissociation of O2 activates place exchanges between the surface

Co atoms and the incoming oxygen atoms. Interestingly, the oxidation process so far

involves exclusively metal atoms of the topmost layer of the metal surface, while the
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Figure 6.2: Analysis of the adsorption of O2 on a Co(0001) surface (a-b) and on a Cr(110) surface
(c-d), whose final snapshots are shown in Fig. 6.1a and Fig. 6.5a, respectively. Left: Evolution of
the O–O distance and of the height of the center of mass of the O atoms with respect to the average
height of the surface, Right: Evolution of the spin density and of the atomic charge integrated within
the Bader region associated with both O atoms.

atoms of the subsurface layer remain in their original lattice position. The final oxide

layer obtained is characterized by an apparently disordered and rather open structure

with a thickness of about 0.6 nm.

Properties of oxidized Cobalt (1.67 ML )

The Co atoms of both metallic cobalt and its stable oxides CoO and Co3O4 display

a net magnetic moment. While antiferromagnetic ordering is present in the oxides,

bulk Co is ferromagnetic. The ferromagnetic ordering is preserved on the atoms of

the bare Co(0001) surface, where the magnetic moment is enhanced with respect to

the bulk one (see Chap. 3.2.2). In the FPMD simulations, a gradual decrease of the

magnetic moment of the surface Co atoms going from the blank surface (1.7 μB per

Co atom) to the system with a coverage of 0.67 ML (1.0 μB per Co atom, on average)

is observed. The event of Co/O place exchange that occurs at a coverage of 0.83 ML

(Fig. 6.1d) is characterized by a spin reversal for some of the Co atoms and by the

initiation of an antiferromagnetic ordering in the formed Co-O network, indicative of a

first “nucleation” of oxide on the surface. The adsorption of further oxygen molecules

leads to development of an antiferromagnetic oxide structure (see Fig. 6.1e-h).
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Figure 6.3: a) Calculated density of states of the Co atoms of the surface layer for selected oxygen
coverages during FPMD simulations. The coverage is indicated on the left. The majority (minority)
spin manifold is plotted with solid (dashed) lines. b-c) LDOS of two 4f-coordinated Co atom of the
outer oxide structure of the FPMD system at 1.67 ML (dashed lines) and LDOS of a Co atom on a
tetrahedral site in bulk Co3O4 (panel b) and on an octahedral site in bulk CoO (panel c). The peaks
in the LDOS corresponding to the t2g and eg orbitals are labeled. Positive (negative) values indicate
majority (minority) spin.

The overall evolution of the magnetization of the oxide film with increasing oxy-

gen coverage is also clearly reflected in the density of states spectra of the Co surface

atoms during the oxidation (Fig. 6.3a). The calculated layer-projected DOS for the

blank Co(0001) surface slab (whose spectrum agrees very well with previous calcula-

tions [172]) presents a clear spin asymmetry, being dominated by minority spin electrons

at the Fermi level. During oxidation, spin asymmetry is still visible at intermediate

coverages due to the magnetic rearrangement associated with oxide nucleation, but

vanishes at 1.5 ML, when an antiferromagnetic ordering is established in the oxide

structure. A characteristic feature of the DOS evolution is the appearance and growth

of a peak centered around -6 eV which emerges above the DOS of the clean surface

after the initial oxygen adsorption. This characteristic peak arises from the oxygen

2p orbitals and is always observed in spectroscopic investigation of the valence band

evolution during oxidation of Co(0001) [159,173].

In the oxide film obtained (1.67 ML), Co atoms are coordinated by at most four

O neighbors. For comparison, the Co2+ ions in bulk CoO are six-fold (6f) coordinated
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Figure 6.4: a) Charge on all the Co atoms of the supercell of the FPMD system (1.67 ML) with
respect to their number of nearest-neighbor oxygen atoms. For comparison, the charges on the Co
atoms of bulk Co3O4 and bulk CoO are shown in blue and green, respectively. b) Radial distribution
function for the Co atoms of bulk Co3O4 and CoO and for the surface Co atoms of the FPMD system
with coverage 1.67 ML.

within octahedral sites, while Co2+ and Co3+ ions in Co3O4 are in tetrahedral and

octahedral sites, respectively. Indeed, the local DOS (LDOS) of several 4f-coordinated

atoms in the oxide layer presents features very similar to the Co2+ ions in Co3O4, which

are in a 3d7 high spin state with four paired electrons in the eg orbitals and three

unpaired electrons in the higher-energy t2g orbitals (Fig. 6.3b). Despite the different

number of O neighbors, in the LDOS of some atoms it is also possible to recognize

also CoO-like features, where the Co2+ ions present a 3d7 high spin configuration with

three unpaired electrons. In this configuration the minority t2g orbitals are partially

filled and the higher-energy minority eg orbitals are unoccupied (Fig. 6.3c).

Therefore, a further analysis is required for a clear distinction between CoO and

Co3O4-like features in the FPMD system. This can be made through an analysis of

the Bader charges computed for all Co atoms of the oxidized system at 1.67 ML. The

charge values increase roughly linearly with the number of O first-neighbors (Fig. 6.4a),

and reach values of 1.4 to 1.6 electrons for the 4f-coordinated Co atoms. The agree-

ment with the Bader charge 1.45e of the Co atoms on 4f-coordinated sites in Co3O4 is

excellent. Instead, the charge of the 6f-coordinated Co atoms in CoO is lower (1.3e),

despite the higher coordination. Notably, no 6f-coordinated Co atoms are present in

the FPMD system at this coverage of oxide, and none of the atoms present features

similar to the octahedral sites in bulk Co3O4 (presenting a 3+ formal oxidation state

with paired electrons in the t2g orbitals and empty eg orbitals, thus leading to absence
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of magnetization and a formal charge of 1.6e).

Clear affinities to Co3O4 rather than to CoO are also visible from the distribution

of the Co-O distances in the oxidized FPMD system compared with those of the bulk

oxides (Fig. 6.4b). In particular, the FMPD system presents a broad nearest-neighbor

peak centered around 1.84 Å, including also the distance of 1.93 Å of Co3O4. No values

around the CoO value of 2.12 Å are present.

6.2.2 Oxidation of Cr(110)

FPMD simulations

The initial oxidation of the bcc Cr(110) surface is modeled following the same pro-

cedure as for the Co(0001) surface. As in the case of cobalt, the initial oxidation

is characterized by spontaneous adsorption and dissociation of O2 molecules on the

surface.

An distinctive feature of the oxidation of chromium is the absence of place exchange

mechanisms between metal and oxygen up to a coverage of 0.67 ML, with the oxygen

atoms arranged on both “hollow” and “bridge” adsorption sites. As a consequence of

the strong surface dipole due to the donation of electronic charge from the metal to

oxygen, the reactivity of the surface towards further reactions is considerably reduced.

Several attempts of adsorbing a fifth O2 molecule lead to desorption from the surface.

In one simulation, a molecule remains chemisorbed in an end-on configuration roughly

perpendicular to the surface without dissociating, as shown in Fig. 6.5a. In an other

simulation, an O2 molecule adsorbs and dissociates only after placing it at 1.3 Å over

the surface, at a potentially reactive site. This leads not only to formation of an oxygen

ad-layer on an almost perfectly flat Cr(110) surface, as shown in Fig. 6.5b, but also

to a further decrease of the surface reactivity. Adsorption of a new molecule occurs

only after placing it at 1.0 Å over the surface. The heat released during the molecular

dissociation induces the extraction of a Cr atom out of the surface. The Cr atom is

lifted by about 2.4 Å over the surface plane, remains bound to the surface via three O

atoms, and coordinates a fourth O atom“on top” (Fig. 6.5c). The obtained tetrahedral

coordination shell strongly resembles the structure of a chromate ion CrO4
2−, bound

to the (110) surface layer.

The simulations of the oxidation of Cr(110) at 0 K are characterized by formation of

stable, saturated structures which do not exhibit spontaneous oxide growth. Also the

final structure at 1.0 ML does not present reactive sites where possible adsorption of

O2 could occur. However, since experimental observations do predict oxide growth, the

mechanism of place exchange must be an activated process, e.g. by thermal excitation.
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Figure 6.5: Selected final snapshots for FPMD simulations of the initial oxide formation on the
Cr(110) surface. Chromium atoms are shown in green and oxygen atoms in red, the coverage of each
snapshot is indicated. a) Snapshot after a MD simulation leading to stably adsorbed, undissociated
molecular oxygen. b-c) Some final snapshots for a simulation series (called MD1) performed at 0 K.
d-f) Final snapshots for a second simulation series (called MD2), performed with an increase of the
simulation temperature, after the adsorption of five, six, and seven O2 molecules, respectively. The
isosurfaces illustrate regions of positive (grey) and negative (orange) spin density.

Thus, in order to promote oxide nucleation, the simulation leading to a coverage of

0.83 ML are repeated by gradually increasing the temperature to about 800 K within

the first 0.6 ps and annealing the system for 1.2 ps. This simulation path will be called

MD2, in contrast to MD1 described so far. The effect of thermal motion combined

with the heat released during dissociation leads to extraction of two Cr atoms out of

the surface at 0.83 ML. These are both coordinated to four oxygen atoms, sharing one

of them, as shown in Fig. 6.5d after quenching of the atomic motion. The vacancies

left behind by the outgoing Cr atoms enable a single oxygen atom to diffuse into

the surface plane. The next simulation is characterized again by a lack of reactivity

and by dissociation of O2 only after heating the system to 800 K within 2.2 ps and

annealing at 850 K for 1.4 ps. This simulation and a further one lead to incorporation

of a single O atom underneath the surface, but not to extraction of other Cr atoms
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from the surface. Figure 6.5e-f shows the final snapshots at 1.0 ML and 1.17 ML. At

the coverage 1.17 ML, the two extracted Cr atoms are located at the centers of two

corner-sharing oxygen tetrahedra, forming a dichromate-like structure (Cr2O7
2−).

Properties of oxidized Chromium (1.17 ML)

The antiferromagnetic ordering of the bcc-Cr lattice is preserved also after oxygen ad-

sorption and after extraction of a single Cr atoms from the surface (see Fig. 6.5c).

In the case of MD2, the two Cr atoms extracted from the surface display an antifer-

romagnetic coupling when they are directly bound together (as in Fig. 6.5d,e), and a

ferromagnetic coupling when connected through a bridging oxygen atom (Fig. 6.5f). As

for cobalt, the magnetic moment of the surface atoms decreases gradually going from

the blank surface (1.76 μB) to the system with a perfect oxygen ad-layer at 0.83 ML

(0.85 μB on average). Finally, extraction of a Cr atom above the surface layer partially

restores the magnetic moments of the surface atoms, assuming absolute values between

0.9 and 1.3 μB. An exception is repesented by this extracted fourfold (4f) coordinated

Cr atom, whose magnetic moment (-1.8 μB) is considerably higher. The isolated oxy-

gen atom bound on top carries a non-zero magnetic moment (0.13 μB). These features

are reflected in the density of states (DOS) projected on single atoms.

Figure 6.6a shows the atom-projected DOS of four relevant types of Cr atoms ap-

pearing in the FPMD simulations. For comparison, also the DOS projected on a Cr

atom of bulk Cr2O3 (eskolaite), the principal oxide of chromium, is shown. In the

DOS projected on a Cr atom of the clean Cr(110) surface, the d band is clearly visible

between -0.5 and -2.5 eV and presents a net magnetization (Fig. 6.6a, bottom). This

result is in excellent agreement with other calculated DOS of clean Cr(110) [174,175].

After adsorption of a perfect monolayer of oxygen, the DOS of the same Cr atom shows

an appreciable decrease in the occupation of the majority band due to electron donation

to oxygen. The vanishing differences between majority and minority spin manifolds ex-

plain the lowering of the magnetic moment of Cr after oxygen adsorption. The features

appearing between -4 and -8 eV are attributed to the p orbitals of oxygen. Moreover,

the Cr atoms extracted from the surface both in MD1 and MD2 are observed to ar-

range either in a chromate-like or in a dichromate-like structure. The DOS projected

on these two types of Cr atoms are shown as well in Fig. 6.6a. The most noticeable

feature is the almost complete depletion of the minority spin manifold between -3 and

0 eV, which can be found also in the DOS of Cr3+ in bulk Cr2O3 (see Fig 6.6a, top).

For the latter, the peak of the half-filled t2g orbitals (majority spin) at -1.0 eV is clearly

visible in the DOS, together with the peaks above the Fermi level for the unoccupied
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Figure 6.6: a) Density of states projected on a single Cr atom in different environments. From
bottom to top: a Cr atom of the clean Cr(110) surface layer; the same Cr atom after adsorption of
an ad-layer of oxygen; the Cr atom in the chromate-like structure shown in Fig. 6.5c; one Cr atom
of the dichromate-like structure shown in Fig. 6.5f; a Cr atom of bulk Cr2O3 (red). The t2g and eg

orbitals are labeled. b) From bottom to top: DOS of an O2 molecule in vacuum; DOS of an adsorbed
O2 molecule as shown in Fig. 6.5a; DOS projected on an O atom adsorbed on the surface layer; DOS
of an oxygen atom bound on top on an extracted Cr atom, as shown in Fig. 6.5c; DOS of an O atom
of bulk Cr2O3 (red). The majority (minority) spin mainfold is indicated by solid (dashed) lines.

orbitals t2g (minority spin) and eg. However, in my FPMD system, the Cr atoms ar-

ranged in a (di)chromate-like structure present a lower occupation of the majority spin

manifold with respect to Cr3+ in Cr2O3. This suggests a higher oxidation state than

3+, which is consistent with the very high formal oxidation state (6+) of Cr in CrO4
2−

and Cr2O7
2−. The high oxidation state is confirmed also by the calculated atomic

Bader charges, indicated together with the DOS in Fig. 6.6a. All Cr atoms extracted

above the surface layer present atomic charges which are higher both than those of the

underlying Cr atoms in the surface layer, and than that of Cr in Cr2O3. This features

are clearly visible in Fig. 6.7a, where an overview of the Bader charges of all Cr atoms

in the oxidized structure at 1.17 ML is presented as a function of the number of nearest-

neighbor oxygen atoms. For comparison, also the calculated values for bulk Cr2O3 and

for isolated dichromate Cr2O7
2− are represented. The two extracted Cr atoms in the

FPMD system, which are both 4f-coordinated in a dichromate-like structure, present

charge values approaching those of the isolated dichromate structure (2.1e), rather than

those of bulk Cr2O3 (1.7e). A similar trend emerges also from the radial distribution

function (RDF) of the Cr-O distances in the oxidized system compared with those of



98 Chapter 6. Oxidation of Co, Cr, and CoCr alloys

1.5 2 2.5 3 3.5
Distance Cr-O (Å)

0

0.2

0.4

0.6

R
df

 (a
rb

.u
.)

Cr 1.17ML (MD)
Cr2O3 bulk

(Cr2O7)2-

0 1 2 3 4 5 6 7
Coordination number 

0

0.5

1

1.5

2

2.5
C

ha
rg

e 
on

 C
r (

el
ec

tro
ns

)

1.98

2.02

Cr2O3

a) b)
1.63

1.77

(Cr2O7)2-

1.57
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bulk Cr2O3 and dichromate, shown in Fig. 6.7b. The shortest distance (1.57 Å ) arising

for the FPMD system is due to the bonds between both the extracted Cr atoms and

their respective on-top, dangling oxygen atoms (see Fig. 6.5f). Its peak in the RDF is

analogous to the shortest bond length in dichromate, represented by a peak at 1.63 Å

. The distances between these two Cr atoms and their shared oxygen atom amount

to 1.77 Å both for the FPMD system and for the calculated relaxed structure of an

isolated dichromate ion. The other Cr-O distances in the dichromate-like structure of

the FPMD system, measuring about 1.85 Å, are higher than those in the calculated

dichromate structure. This is clearly due to its embedment in an oxide structure. On

the contrary, no clear association to the RDF peaks of bulk Cr2O3 can be performed.

Finally, different types of coordination for oxygen atoms are observed in the FPMD

systems. First, a feature appearing in the MD simulations is the presence of molecular

oxygen, stably adsorbed on the surface and with the axis oriented vertically over the

surface. This has been observed in particular for systems with coverage about 0.67-

0.83 ML and all oxygen atoms arranged in hollow or bridge site. The DOS of adsorbed

O2 is shown together with the DOS of an O2 molecule in vacuum in Fig. 6.6b (bottom).

The association of the peaks is unambiguous. Only small differences occur, among

which the most notable is the filling of the antibonding π∗ orbitals of the minority

spin in the case of adsorbed O2. This property arises from electron donation of the

underlying metal and leads to almost full quenching of the magnetic moment of the
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molecule. Dissociation does not occur until also the antibonding σ∗ orbitals (not shown

here) are filled. Moreover, two adsorbed oxygen atomic species are shown in Fig. 6.6.

The DOS of an isolated oxygen atom (O top) adsorbed on top on an extracted Cr atom

is characterized by a strong and narrow, slightly spin-polarized double peak between

-3.5 and -4.2eV, whose effects are also visible in the spectrum of the neighboring Cr

atom (panel a, middle). These states do not appear in the DOS of the oxygen atoms at

hollow sites on the surface layer (called O ads.), which instead display a broad feature

between -4 and -8eV, the same as observed in the oxidation of cobalt (see Fig. 6.3a).

Interestingly, the DOS of oxygen in Cr2O3 presents the features of either types of

oxygen surface atoms described. Additionally, it exhibits a feature between -0.6 and

2eV, which can be clearly attributed to the d band of the neighboring Cr atom.

6.2.3 Oxidation of CoCr(0001) alloy surfaces

FPMD simulations for CoCr 1

The analysis begins with the alloy system CoCr 1, which contains 1 Cr atom in the 12-

atom surface layer. Representative final snapshots of consecutive FPMD simulations of

the adsorption of O2 are shown in Fig. 6.8. Up to a coverage of 0.50 ML, O2 molecules

adsorb and dissociate spontaneously with the O atoms arranging on non-adjacent hcp or

fcc sites, being preferentially coordinated to the Cr atom. The onset of oxide formation

occurs at 0.67 ML with extraction of two cobalt atoms and incorporation of an oxygen

atom underneath the surface layer, where it binds to two Cr atoms and a Co atom of

the subsurface layer. Only at 0.83 ML and after increasing the simulation temperature

to ∼500 K does the Cr atom leave the surface plane, remaining connected to the surface

via three oxygen atoms and binding a single oxygen atom on top, as shown in Fig. 6.8d.

In the successive MD simulations, dissociation of other O2 molecules enables further

oxygen atoms to dissolve under the surface, where they bind primarily to Cr atoms

of the subsurface layer. Meanwhile, the single Cr atom extracted from the surface

layer rearranges its position in the oxide, however mantaining a fourfold (4f) oxygen

coordination shell (see Fig. 6.8e-h). The number of Co atoms leaving the surface plane

and exchanging place with oxygen atoms increases steadily with increasing oxygen

coverage. As in the case of pure Co(0001), the development of the oxide network

involves exclusively from atoms of the surface layer, while the atoms of the subsurface

layer displace only slightly from their equilibrium positions. At 1.5 ML, the oxide

reaches a thickness of about 0.65 nm, more than on pure Co(0001) (0.5 nm) at the

same coverage.
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Figure 6.8: System CoCr 1: Final snapshots of consecutive FPMD simulations of the initial oxide
formation on a CoCr(0001) surface. Cobalt atoms are shown in blue, chromium atoms in green and
oxygen atoms in red, the coverage of each snapshot is indicated. The unit cell of the model system
consists of 33% chromium atoms and 67% cobalt atoms. The surface layer is composed by 1 Cr atom
and 11 Co atoms. Periodic boundary conditions are applied. The isosurfaces illustrate regions of
positive (grey) and negative (orange) spin density.

Properties of oxidized CoCr 1

The evolution of the electronic structure of the first Co atom that leaves the surface

layer during the oxidation reactions described in the previous section is presented in

Figure 6.9b-d. The onset of oxide formation is characterized by an increase of the spin

polarization from 1.1 μB at 0.5 ML to 1.74 μB at 0.67 ML, and by the appearance of

DOS features between -4 and -8eV, arising from the neighboring oxygen atoms. The

increase of the magnetization is accompanied by a gradual narrowing of the d band

of the majority spin manifold, which assumes more and more common features with

that of the bulk Co oxides (shown in Fig. 6.3b-c). Consistently, the Bader charge of

the Co atom in the highest oxidized structure (1.5e) lies very close to the one of Co

in tetrahedral sites of Co3O4 (1.45e), analogously to what found for Co(0001). Similar

values are obtained for other 4f-coordinated Co atoms in the oxide, while lower-lying

Co atoms, still having bonds to the subsurface layer, present much lower Bader charges

and bulk-like magnetic moments.

Moreover, it is important to concentrate on the single Cr atom of the surface layer,
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Figure 6.9: a) Density of states projected on the Cr atom of the surface layer of system CoCr 1,
shown for different oxygen coverages of the oxidizing surface. Solid lines indicate the majority spin
manifold, dashed lines the minority one. b) Evolution of charge, spin and number of nearest-neighbor
oxygen atoms for the same Cr atom as a function of the oxygen coverage of the system. c-d) Same as
in a-b), shown for the Co atom of the surface layer which first escapes from the surface plane during
oxidation (labeled in Fig. 6.8f).

which leaves the surface plane at 0.83 ML (Fig. 6.8d) arranging exactly in the same

chromate-like structure observed during the oxidation of Cr(110) (see Fig. 6.5c). The

evolution of the DOS of this Cr atom at increasing oxygen coverages is represented in

Fig. 6.9a. In the absence of oxygen (coverage θ = 0.0 ML), a clear spin polarization is

visible. During the oxidation, the d band of both spin manifolds is gradually depleted

due to electron donation into the p orbitals of the neighboring oxygen atoms. The

latter effect is reflected in the typical DOS feature between -4 and -8eV. As a direct

consequence, the Bader charge on Cr increases considerably with increasing coverage,

and the magnetization vanishes almost completely, as shown in Fig. 6.9c. Both values

reach a saturation at 0.83 ML, from where on the coordination shell of Cr is stably

composed by 4 nearest-neighbor O atoms. This results in a high Bader charge (2.0e),

a high formal oxidation state (+3.67), and an almost depleted d band with vanishing
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Figure 6.10: System CoCr 3: Final snapshots of eight consecutive FPMD simulations of the initial
oxide formation on a CoCr(0001) surface. The surface layer is composed by 3 Cr atoms and 9 Co
atoms. Alloy composition, colors, and labels are the same ad in Fig. 6.8. Periodic boundary conditions
are applied.

magnetic moment (0.1 μB).

FPMD simulations for CoCr 3

In the last system, called CoCr 3, the Cr content in the surface layer is increased up

to 3/12. The final snapshots of the FPMD simulations of consecutive oxidation steps

are shown in Fig. 6.10. The initial dissociative adsorption of O2 takes place without

structural changes of the surface layer. The onset of oxide formation occurs later than

on CoCr 1, at 0.83 ML, with extraction of a Cr atom by an incoming O2 molecule,

which does not dissociate for the subsequent 2.2 ps of simulation. The mechanism of

oxide nucleation strongly recalls the one observed for Cr(110) at 1.0 ML and at low

temperature. In both cases, a single Cr atoms is extracted from the almost perfect

surface, to which it remains bound via three oxygen atoms. In the alloy system,

however, an undissociated O2 molecule (and not an oxygen atom) binds on top on the

extracted Cr atom (Fig. 6.10c). The adsorption of a further O2 molecule leads to the

extraction of a single Co atom and formation of a very unreactive structure, where
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further adsorption of oxygen molecules is completely inhibited. For this reason, the

system is annealed for 1 ps at 850 K, which enables a further Co and Cr atom to leave

the surface plane, forming the structure shown in Fig. 6.10d. Still, no incorporation

of oxygen atoms under the surface layer takes place, and the other eight atoms of the

surface layer remain in their original lattice positions. This main features of the oxide

layer are not altered by the adsorption of a seventh O2 molecule. Only at a coverage of

1.33 ML do oxygen atoms penetrate under the surface layer and bind to atoms of the

subsurface layer. In particular, for the first time in all systems considered, Cr atoms

are observed to move from the plane of the subsurface layer into intra-layer positions

during the simulation (up to 1.3 Å higher), where they bind to the incoming oxygen

atoms. In spite of this, a total of six atoms of the surface layer remain in their original

position, unlike what is observed for the CoCr 1 system at the same coverage.

Properties of oxidized CoCr 3

At a coverage of 1.33 ML, an oxide structure with a thickness of 0.6 nm forms over

the surface (Fig. 6.10f). As in the case of the single Cr atom in CoCr 1, the three

Cr atoms of the surface layer are all coordinated by 4 nearest-neighbor oxygen atoms.

The LDOS of these three atoms are shown in Fig. 6.11 together with a zoom-in in

the structure. The farther away from the metal/oxide interface is a Cr atom located,

the stronger becomes the depletion of its d band (which shifts more and more towards

the Fermi energy) and the higher is its Bader charge. Indeed, as for CoCr 1, the Cr

atoms located in the outer part of the oxide present formal oxidation states between

3.50 and 3.67, which are higher than the corresponding values for oxidized Cr(110) and

for bulk Cr2O3. Instead, the Co atoms in the oxide film present DOS features and

Bader charges very similar to those of 4f-coordinated atoms in bulk Co3O4, as shown

in Fig. 6.11.

For the highest coverages considered in the present work, the Co atoms of the oxide

layers of both alloy systems have less oxygen neighbors and present smaller values of

the Bader charges than the Cr atoms, reflecting the larger oxygen affinity of Cr. These

features emerge clearly from Fig. 6.12. In the inner part of the slab (not yet involved

in the oxidation process) Co atoms carry a negative charge and Cr atoms a positive

charge. This is due to electron donation from the less electronegative Cr to the more

electronegative Co atoms in the alloy [142]. For the metal atoms at the interface and in

the oxide, the more neighboring oxygen atoms are present, the higher is their (positive)

charge, as found for the pure elements.
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Figure 6.11: Final snapshot of system CoCr 3 after the adsorption of 8 O2 molecules (left). Selected
atoms of the oxide are labeled and their LDOS is shown (right). The Bader charges (electrons) are
indicated for each atom. Solid (dashed) lines indicate majority (minority) spin.

6.3 Oxidation energetics

6.3.1 Energy profiles of the oxidation process

The energy profile related to the oxidation processes presents substantial qualitative

and quantitative differences for Co and Cr. The calculated energetic gain as a function

of the oxygen coverage is illustrated in Fig. 6.13 for Co, both CoCr model systems,

and for Cr. For the pure metals, also the energies for perfect oxygen ad-layers are

indicated, after full static relaxation. A coverage of 1.5 ML has been obtained after

static relaxation of a perfect system with a surface and subsurface oxygen coverage of

either (1.0 ML, 0.5 ML) or (0.5 ML, 1.0 ML), and analogously a coverage of 2 ML by

a configuration (1.0 ML, 1.0 ML). Additionally, for Cr, a further model system with

2 ML is included, on the basis of experimental LEED and STM data of Ref. [165].

In this work, the authors found a clear evidence for an oxide termination by a cation

plane, for which an atomistic model has been proposed. On the basis of this model,

an α-Cr2O3(0001)||Cr(110) structure corresponding to an oxygen coverage of 2.0 ML is

built, consisting of 1 ML oxygen adsorbed on the substrate, a double Cr intermediate

layer and a second oxygen layer, finally terminated by Cr cations. After relaxation,

the intermediate double Cr layer rearranges forming a flat layer as shown in Fig. 6.14.

Moreover, in Fig. 6.13 also the lines representing the enthalpy of formation per O2

for the bulk oxides Cr2O3 and Co3O4 are plotted (-169 and -106 kcal/mol−1 per O2,
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respectively).

For cobalt, the FPMD data and those for a perfect ad-layer coincide until a coverage

of 0.5 ML. From here on, the onset of oxide formation observed in the FPMD simu-

lations causes the related energies to diverge from those of a perfect oxygen ad-layer.

Initially, the extraction of cobalt atoms from the surface layer at 0.67 ML and the in-

corporation of oxygen atoms at 0.83 ML lead to energetically less favorable structures

compared to a perfect O ad-layer. However, the two curves cross again at 1.17 ML

and the FPMD structures become more stable than the perfect systems with O atoms

incorporated in surface and sub-surface sites. This characteristic behavior suggests

that oxide nucleation on cobalt initially follows a metastable, kinetically driven path

that results from the high heat release during the dissociation of O2. The formed

metastable structures, however, are necessary precursors for the subsequent growth of

a stable oxide.

A striking feature at higher coverages is that the slope of the interpolated FPMD

curve clearly approaches that of the line for Co3O4, denoting that the energy gain upon

adsorption and incorporation of a new O2 molecule in the oxide film equals the enthalpy

of formation of bulk Co3O4. This finding, together with the close matching of the

distribution of Co-O distances, LDOS, and Bader charges between the FPMD systems

and Co3O4, provides a clear hint about the oxidation of Co(0001) into a Co3O4-like

layer at low temperatures. This represents a remarkable agreement with experimental

results where Co3O4 features have been observed in XPS spectra after exposing a
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Co(0001) surface to oxygen gas at low temperature [159,160].

The oxidation of Cr(110) is characterized by a very different behavior. As described

in Sec. 6.2.2, FPMD simulations reveal that until a coverage of 0.83 ML, the oxidation

of Cr occurs without Cr/O place exchange, such that the energy curves for the FPMD

systems and for the static calculations of a perfect oxygen ad-layer are superposed, as

shown in Fig. 6.13. Small deviations in the energy values are due to the differences

between adsorption on hollow or bridge sites. The events of initial oxide nucleation

observed in the FPMD simulations do not lead to formation of metastable structures

as in the case of cobalt. The energy difference between the FPMD structures and a

surface with an ordered O ad-layer are of the order of 0.1 eV per simulation supercell,

indicating that the structures are energetically almost equivalent.

The substantial coincidence of the FPMD and the epitaxial curves indicates that

the initial oxidation of Cr(110) occurs along a well-defined energy path, almost in

thermodynamic equilibrium. Experimental studies reveal that the oxidation process

on Cr(110) follows a layer-by-layer growth mechanism, with formation of a crystalline

oxide film that grows in epitaxy with the substrate in the α-Cr2O3(0001)||Cr(110)
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Figure 6.14: Topmost layers of the simulation supercell for a α-Cr2O3(0001)||Cr(110) structure after
static relaxation. The oxygen coverage comprises 2.0 ML.

orientation [165]. As discussed above, I reproduce this structure for θ = 2.0 ML

and find that the energy gain associated with its formation approaches the slope of

the Cr2O3 line, confirming the expectations and the results obtained by a number of

experiments. An analysis of the same structure terminated by oxygen atoms, instead

of Cr atoms (shown in Fig. 6.14), reveals that a Cr termination is energetically more

favorable by 2.6 eV per simulation cell. Instead, lifting a Cr atom out of the surface

layer over a perfect O ad-layer at θ = 1.0 ML results in an energy loss of 1.2 eV. This

suggests that a Cr termination is stable only for coverages clearly above 1.0 ML, where

it is expected to become an indispensable adsorption site for incoming O2.

The energetic features of the alloy systems upon oxidation are clearly determined by

the composition of the surface layer. Regarding the CoCr 1 and the CoCr 3 systems,

both their energy curves lie between those of pure cobalt and pure chromium, while the

energetic gain upon oxidation increases with increasing Cr content in the outermost

layer. This is consistent with the incorporation of the Cr atoms in the oxide layer and

the larger enthalpy of formation of Cr2O3 with respect to the Co oxides.

6.3.2 Changes of the work functions during oxidation

The energetic behavior of the considered systems and their oxidation mechanisms are

directly reflected in the changes of the work function ΔΦ upon oxidation. For all the

four examined systems, no place exchange occurs between oxygen and the metal atoms

up to a certain “critical” coverage. The d-orbital depletion of the surface metal atoms

with charge transfer into the p orbital of the adsorbed oxygen gives rise to a strong

dipole layer at the interface and decreases its reactivity, thus inhibiting further oxygen

adsorption. This leads to a steady increase of ΔΦ up to the onset of oxide formation,
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Figure 6.15: Evolution of the work function with respect to the bare surface as a function of the
oxygen coverage, for the following systems: (a) Cobalt (0001) surface, both for the MD simulations
and for systems with a perfect oxygen ad-layer; (b) Chromium (110) surface, for MD2 (see text) and
for a perfect oxygen ad-layer; (c) Two models of a CoCr alloy, described in the text.

as shown in Fig. 6.15. This trend continues if “flat” oxygen monolayers form without

reconstruction of the pure metal surfaces (circles in Fig. 6.15), with maxima of 1.8 eV

and 2.3 eV obtained at a coverage of 1 ML on Co and Cr, respectively.

The event of place exchange between metal and oxygen is characterized by a sudden

drop of the work function. For both cobalt and CoCr 1, ΔΦ increases steadily until

either a Co atom leaves the surface or oxygen atoms are allowed to diffuse under

the surface layer. For CoCr 1, however, the value increases again at 0.83 ML due to

formation of a chromate-like structure, as shown in Fig. 6.8d. For the oxidized cobalt

systems obtained by FPMD, ΔΦ drops at 0.67 ML and oscillates around 0.65 eV

during the subsequent oxide growth. This is in excellent agreement with experimental

data showing that ΔΦ never exceeds 0.6 eV [159] after exposure of Co(0001) to oxygen,

therewith ruling out the possibility of oxidation via formation of a perfect oxygen layer.

For chromium, the drop in ΔΦ occurs at a higher coverage, accordingly to the

later onset of oxide formation at 0.83 ML and 1.0 ML for the MD2 and MD1 systems.

The introduction of subsurface O atoms leads to a substantial drop of ΔΦ also in the

case of perfect ad-layers. In particular, ΔΦ becomes negative for the model system

α-Cr2O3(0001)||Cr(110), which is attributed the termination of the oxide by Cr atoms.
Consistently, an initial increase in ΔΦ and a sudden drop toward negative values has

been found also by experimental measurements for Cr(110) at low oxygen exposures,

before crystalline Cr2O3 starts growing [176]. However, a Cr termination of oxide

structures in the very initial stage of the oxidation process (at coverages lower than

2 ML) is never observed in the FPMD simulations. Here, instead, the accumulation

of a large amount of O atoms before oxide nucleation leads to oxidation states higher

than 3+ for the Cr atoms that first leave the surface, and with the frequent occurrence
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of 1f-coordinated O atoms on top of Cr ions.

In a similar way, also the CoCr 3 system presents a steady increase of ΔΦ, with a

maximum value at 0.83 ML associated with the formation of the chromate-like structure

shown in Fig. 6.10c. Subsequent rearrangement into an oxide structure at 1.0 ML leads

to the expected drop of ΔΦ. Comparing the systems CoCr 1 and CoCr 3, the higher is

the Cr content in the surface layer, the larger is the maximum value of ΔΦ. Moreover,

the drop occurs for coverages in between those of Co(0001) and Cr(110), and the values

obtained at the highest coverages are comparable to those of pure cobalt.

6.4 Discussion

The behavior of the CoCr alloy system is governed by two main factors, which form

the basis of the present investigation: i) the composition of the alloy surface and

the interaction among the constituents; ii) the oxidation mechanisms of the separate

elements, necessary to understand their individual influence on the mechanism of oxide

formation in the alloy. The first point has been addressed in Chap. 5, where the

arrangement of the Cr atoms inside the Co matrix of an ideal Co67Cr33(0001) surface

model is studied. Herein, enrichment of cobalt in the alloy surface layer is found

under vacuum conditions, whereas segregation of Cr to the surface layer and of Co

in the subsurface layer occurs in the presence of oxygen [142, 151]. Indeed, a selective

oxidation of Cr is expected [156] due to the lower free energy of formation of Cr2O3 than

for the Co oxides. However, a detailed analysis of the equilibrium segregation profiles

of the alloy matrix as a function of temperature and oxygen pressure is far beyond the

scope of the present thesis. This would indeed be only necessary to investigate high-

temperature oxidation processes governed by diffusion and proceeding along a series of

thermodynamically stable intermediate steps. While these issues start to be within the

reach of advanced quantum mechanical techniques [21, 177, 178], their application to

complex systems without previous knowledge about candidate oxide structures is still

very rare [179].

In this thesis, I focus on the chemical mechanisms governing the initial oxidation of

CoCr models at low temperature, going through a separate analysis of the oxidation

of pure Co(0001) and Cr(110) by means of FPMD. The main features emerging from

the FPMD simulations are presented in the following sections.
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6.4.1 Features of the initial oxidation of Co

In the simulations, Co(0001) is observed to oxidize spontaneously at low tempera-

tures, following a metal-oxygen exchange mechanism which initiates the growth of an

amorphous, antiferromagnetic oxide. The onset of oxide formation at 0.67 ML is char-

acterized by extraction of Co atoms off the surface layer, followed by the incorporation

of oxygen underneath the surface. This is in agreement with experimental data, which

estimate that oxygen starts dissolving underneath the surface layer at approximately

0.5 ML. At the coverage 0.83 ML, a spin reversal for some Co atoms in the oxide

network is observed, and increasing the O coverage eventually leads to cancelation of

the spin polarization in the oxide at 1.5 ML. This is consistent with the antiferromag-

netic ordering of the two stable oxides CoO and Co3O4, which are expected to form

on cobalt on exposure to air [159, 173], and is confirmed by spin-resolved photoemis-

sion data showing a total loss of the spin polarization already in the initial stage of

Co(0001) oxidation [161]. Indeed, within a well-developed oxide network, next-nearest

neighbor Co atoms are known to couple via an antiferromagnetic superexchange inter-

action of the type Co2+–O–Co2+ or Co3+–O–Co3+ [180], which is also at the origin of

the antiferromagnetic ground state of CoO and Co3O4 [107, 181]. The antiferromag-

netic superexchange interaction is characterized by a vanishing magnetic moment of

the bridging oxygen atom, as visible in all the simulations.

Moreover, in accordance to photoelectron spectroscopy experiments [173], the non-

oxidized Co substrate underneath the oxide film is found to be still ferromagnetic. At

the Co/Co-oxide interface, O atoms which bridge the metal substrate with Co atoms

of the oxide layer with the same spin direction are characterized by non-negligible spin

density, reaching values of about 0.4 μB, as indicated in Fig. 6.1e by an arrow. Indeed,

hybridization of the d orbitals of the Co ions with the p orbital of the oxygen atom

leads to an induced magnetic moment on oxygen aligned to those of the neighboring,

ferromagnetically coupled Co atoms. This feature is in accordance with experimental

results for Co(0001) [173], and has been predicted also by theoretical calculations for

the ferromagnetic fcc-Co(100) and Fe(001) surfaces [161, 182]. In particular, the spec-

troscopic signature indicative of spin-polarization on oxygen is found to decrease with

increasing oxygen exposure [183].

In the low-temperature range, the slow diffusion of oxygen into the bulk is expected

to lead to the initial formation of the oxygen rich phase Co3O4, rather than of CoO.

Indeed, by analyzing the distribution of Co-O distances and atomic charges, the local

density of states on several Co atoms, and the overall energetics of the oxidation pro-

cess, it emerges that the formed oxide layer at coverages of about 1.67 ML strongly
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resembles Co3O4. The evidence of Co3O4-like features for the low-temperature oxida-

tion is strongly supported by experimental investigation of the Co(0001) surface and

of other surface orientations [159,161,162].

6.4.2 Features of the initial oxidation of Cr

The initial oxidation of Cr(110) is characterized by rapid dissociative chemisorption of

O2 molecules and their ordered arrangement on stable adsorption sites of the surface.

Differently from the case of Co, a spontaneous metal/oxygen exchange process does

not take place, leading to saturation of the reactive surface sites at coverages of 0.83–

1.0 ML. At low temperatures, O2 molecules can stably adsorb in molecular form, and

Cr atoms are only observed to leave the surface plane if O2 dissociation is forced either

by simulated high-temperature annealing or by placing the molecule extremely close to

Cr surface atoms. In a number of independent FPMD simulations, one or two Cr atoms

are extracted from the surface and arrange in tetrahedrally-coordinated O shells which

bear structural and electronic features of chromate or dichromate ions, as described in

Sec. 6.2.2. However, even this process does not recover the reactivity of the surface, so

that successive adsorption steps are strongly inhibited.

A remarkable fact is that experimental Auger spectra also report a surface sat-

uration coverage at low temperature (120K) which has been estimated to be about

1 ML [166]. The authors argued that within this temperature range, the ad-atom mo-

bility is considerably lower than at room temperature and diffusion of oxygen atoms

into the Cr-lattice is kinetically inhibited. In particular, they ruled out the existence

of subsurface oxygen. As a consequence, the number of surface sites available for dis-

sociative adsorption decrease with increasing coverage and features of molecular O2

ad-species have been detected by vibrational spectroscopy [167]. The O2 ad-species

are believed to stabilize only at low temperatures and to coexist with dissociatively

chemisorbed oxygen ad-atoms. As confirmed by my simulations, they are supposed

to bind to Cr via only one atom and be tilted with respect to the direction normal

to the surface. Also photoemission studies confirm the presence of chemisorbed O2

molecules in the emission spectra through a weak feature at ∼-7.5 eV [159]. The cal-

culated density of states projected on an adsorbed O2 molecule in my FPMD systems

reveals a peak at exactly -7.5 eV (see Fig. 6.6), making the correspondence between

the simulations and the experimental results unambiguous.
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6.4.3 Mechanisms of oxide formation on Co and Cr

The initial oxidation of Co(0001) and Cr(110) clearly manifests different features and

seems to occur along two distinct pathways, as revealed by the structural details and

the energetics of the oxidation process obtained in the FPMD simulations. The be-

havior of cobalt is similar to what found in the case of Al(111) [38], Si(100) [40] and

Ti(0001) [171]. Namely, the large heat developed by the dissociation reaction of O2

leads to strong structural rearrangements of the surface and initiates the spontaneous

formation of a non-crystalline oxide layer at O coverages around 0.6 ML. Up to 1 ML,

the formed structures are metastable with respect to an ideal ad-layer of adsorbed oxy-

gen on the surface. They are, however, necessary precursors for the subsequent growth

of a thicker oxide, since the incorporation of sub-surface O atoms becomes less favor-

able for the ideal systems. Remarkably, the energy gain of the reaction of novel O2

molecules with the oxide layer at coverages of about 1.5 ML is almost equal to the

enthalpy of formation of bulk Co3O4.

On the contrary, the initial oxidation of Cr(110) occurs along an energy path almost

in thermodynamic equilibrium. Upon reaction with O2, the clear tendency of formation

of an almost perfect O ad-layer is observed up to saturation of the surface reactivity.

Oxygen/metal exchange processes take place only in simulations at high temperatures

(∼800 K), leading to structures whose energy differ only very slightly from that of

ideal O ad-layers and do not present obvious reactive sites for reactions with new

O2 molecules. Further oxide growth becomes thus limited by the thermally activated

diffusion of Cr ions from the surface across the oxygen layer already at coverages below

1 ML. Notably, the diffusion of Cr atoms across a perfect ML of oxygen to form a Cr-

terminated surface is not favored at this O coverage. Instead, the strong enrichment in

adsorbed oxygen prior to the thermally activated extraction of Cr atoms is responsible

for the formation of chromate and dichromate-like structures where the ions present

oxidation states higher than 3+ and are terminated by single O atoms. A side view

of the system discloses regular, alternating layers formed uniquely by Cr or O atoms,

which can be considered as precursors to the development of Cr2O3.

The diffusion of further Cr atoms from the metal substrates into the oxidized layer is

expected to take place on a larger time-scale than what achievable by FPMD, and would

result in an overall reduction of the average oxidation state of the oxide. Experimental

data obtained at or above room temperature reveal that further oxide growth proceeds

in an epitaxial layer-by-layer mode without roughening of the metal/oxide interface up

to a temperature-dependent limiting thickness [165,168]. For this reason, I introduced

the 2.0 ML model system α-Cr2O3(0001)||Cr(110) described in Sec. 6.3.1. In perfect
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agreement with the experimental evidence, at this coverage, the structure is more stable

if terminated by Cr atoms than only by O atoms, which accounts for a decrease of the

work function below the value of the pure metal surface.

On the basis of these findings, I suggest that the oxidation of Cr(110) proceeds also

at low temperature in a layer-by-layer mode which follows closely a thermodynamically

stable path along the potential energy minimum surface.

An interesting feature common to both Co and Cr is the fact that the onset of oxide

formation is observed to take place exactly at the O coverage where the energy gained

by formation of perfect O ad-layers becomes less than the enthalpy of formation of the

bulk oxides (see Fig. 6.13). In both cases, the growth of the oxide structures promoted

by this initial oxide “nucleation” event proceeds with energy gains approaching the

enthalpy of formation of the bulk oxides already at coverages of about 2 ML. Further

work will be necessary to investigate whether this feature is peculiar of the systems

investigated here or is more generally shared by other pure metal surfaces.

6.4.4 Initial oxidation of CoCr alloys

The two very different oxidation mechanisms of the pure Co and Cr surfaces lead to an

oxidation behavior of CoCr alloy surfaces which presents intermediate features between

the two. In the FPMD simulations, incoming O2 molecules are found to adsorb and

dissociate after preferential binding to the Cr atoms of the surface, although these are

outnumbered with respect to the Co atoms. Moreover, the higher is the Cr content in

the surface layer, the later is the onset of oxide formation observed to take place.

At low surface Cr concentration, the nucleation of oxide occurs at 0.67 ML in a

manner which resembles the nucleation on pure cobalt, with extraction of Co atoms and

incorporation of oxygen beneath the surface layer. Instead, at higher Cr concentration

do the Cr atoms leave the surface first. In the structures obtained in the simulations,

both the DOS and the charge of the Co atoms present clear Co3O4 features. The

behavior of Co atoms during the oxide development is thus similar to what observed

for a pure cobalt surface, indicating a negligible influence of Cr on the oxidation of

Co in the alloy. In both the CoCr systems the diffusion of oxygen underneath the

surface plane is the more inhibited the higher is the initial Cr content in the surface

layer. In the CoCr 3 model, a remarkably intact surface layer structure without O

incorporation persists up to a coverage of 1.33 ML, while the oxide layer is developing

above the surface.

For both CoCr systems, Cr atoms are incorporated in oxide structures already in

the initial oxidation stages. The driving force for this process lies in the larger enthalpic
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gain associated with the selective oxidation of Cr atoms, as visible in Fig. 6.13. The

selective oxidation of Cr occurs through the same characteristic mechanism for both

CoCr systems and for a pure Cr(110) surface, initially leading to 4f-coordinated Cr ions

with dangling oxygen atoms (see Fig. 6.5c, 6.8d, and 6.10c). These Cr ions exhibit an

almost depleted d band and an oxidation state clearly lying above that of Cr in Cr2O3.

In fact, the perfect tetrahedral coordination shell and the average Cr-O distances of

1.7 Å resemble closely the structure of chromate ions. With increasing O coverages,

these ions move towards the outer part of the mixed CoCr-oxide structure. In the

CoCr 3 system, two Cr atoms of the former surface layer arrange in the structure of

the dichromate ion Cr2O7
2−, consisting of two tetrahedra sharing an oxygen atom, as

shown in Fig. 6.11.

In conclusions, the individual Co and Cr atoms in the alloy system behave similarly

as during the oxidation of the pure metal surfaces. Indeed, an independent oxidation

behavior of Co and Cr at low O coverages has been suggested also by experimental

results for a Co86Cr14 alloy [155]. However, the early formation of an oxide network

promoted by the oxidation of Co atoms facilitates the extraction of Cr atoms from the

surface layer, providing a larger energy gain of the oxidation reaction than on pure

Co. In this process, the Cr vacancies left in the surface layer allow a number of O

atoms to penetrate underneath the surface (unlike in the case of pure Cr), where they

preferentially bind to the Cr atoms of the subsurface layer, elevating them above their

lattice position. Therefore, as a unique property of the alloy system, there is a tendency

for the involvement of atoms of the subsurface layer in the very initial oxidation stage,

and for a Cr segregation towards the outer part of the oxide network. This suggests

a diffusion-limited selective Cr oxidation mechanism already at coverages lower than

2 ML.

6.5 Summary

In summary, pure Co and Cr oxidize according to very different mechanisms, in good

agreement with the available experimental studies. FPMD simulations of the oxidation

processes provide novel chemical details of the reaction pathways and of the thin-layer

oxide structures. Oxide nucleation on cobalt occurs via an early place-exchange of metal

and oxygen atoms and the growth of an open, pseudo-amorphous oxide structure with

evident Co3O4-like features. Notably, the initial oxidation up to an oxygen coverage

of 1.7 ML only involves the outermost metal layer of the substrate, while the atoms of

the subsurface layer remain in their equilibrium lattice positions. Instead, chromium
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forms perfect oxygen ad-layers, followed by a layer-by-layer growth, which is limited by

Cr ion diffusion already in the very initial oxidation stage. Thereby, initially formed

chromate-like structures containing over-oxidized Cr atoms seem to be the precursors

for subsequent growth of Cr2O3 thin films. Interestingly, despite the higher oxygen

affinity of Cr, the oxidation of CoCr proceeds with the initial formation of a cobalt

oxide network which facilitates the incorporation of Cr ions into the oxide layer at an

earlier stage than on pure Cr. The accumulation of Cr vacancies in the surface metal

layer and the incorporation of O atoms underneath the surface provide a driving force

for the Cr atoms of the subsurface layer to leave their lattice position, revealing the

tendency for a Cr segregation and further selective oxidation already at less than 2 ML

of oxygen coverage. This suggest that the further development of Cr oxides in CoCr, as

observed experimentally, may occur via a different mechanism than in the case of pure

Cr, with the Co matrix actively promoting the formation of stable amorphous layers.
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Summary and perspectives

The well-known corrosion resistance and biocompatibility of TiN crystals and CoCr

alloys depend on the structural and chemical properties of the stable oxide film that

forms spontaneously on their surface after exposure to air. A detailed knowledge of the

structural, chemical and magnetic properties of the oxide films may allow to predict the

behavior and improve the lifetime and performance of TiN- and CoCr-based materials

in several technological applications.

In this thesis, I concentrated on the initial reactions taking place on the TiN(100)

and on the CoCr(0001) surfaces in contact with an oxidizing atmosphere. Moreover, a

precise understanding of the oxidation behavior of the CoCr alloy necessarily required

also the study of the oxidation mechanisms of the individual metal surfaces, i.e. the

Co(0001) and the Cr(110) surface. By means of first-principles molecular dynamics

(FPMD) based on density-functional theory (DFT), the early oxidation stages of these

systems were investigated and chemical details of the reaction pathways could be pro-

vided. These findings were complemented by an analysis of the atomistic structure and

stability of the oxidized systems by means of static total-energy calculations and ab

initio thermodynamics.

MD simulations revealed that pure cobalt and pure chromium oxidize according to

very different mechanisms, in good agreement with the available experimental data.

Oxide nucleation on cobalt occurs via an early place-exchange of metal and oxygen

atoms and the growth of an open, pseudo-amorphous oxide structure with evident

Co3O4-like features. Instead, in the case of chromium, perfect oxygen ad-layers tend to

form, followed by a layer-by-layer growth, which is limited by Cr ion diffusion already in

these initial oxidation stages. Notably, the initial formation of chromate-like structures,

containing over-oxidized Cr atoms, seems to be precursory for subsequent growth of

Cr2O3 thin films. Despite the higher oxygen affinity of chromium, the oxidation of

CoCr proceeds with the initial formation of a cobalt oxide network which facilitates

117
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the incorporation of Cr ions into the oxide layer at an earlier stage than on pure

chromium. This suggests that the further development of chromium oxides in CoCr, as

observed experimentally, may occur via a different mechanism than in the case of pure

chromium, with the Co matrix actively promoting the formation of stable amorphous

layers.

The oxidation of TiN is characterized by yet another growth mechanism. The se-

lective oxidation of titanium occurs without metal/oxygen place-exchange mechanisms

and with an ultrathin titanium oxide layer growing above the surface. During this

process, titanium vacancies are left behind at the TiN/oxide interface. I performed an

analysis of the stability of various structures by computing the segregation energies of

vacancies and vacancy clusters at the metal/oxide interface. While the intermediate

oxide structures obtained during FPMD simulations are metastable and arise from a

kinetically-driven oxidation path, the presence of vacancies at the interface is thermody-

namically favored. Vacancy segregation seems to be an indispensable feature, allowing

the removal of nitrogen atoms and oxide growth, as observed in experimental results.

The formation of metastable structures as a consequence of the highly exother-

mic dioxygen dissociation is a fundamental characteristic of the spontaneous low-

temperature oxidation of TiN, Co, CoCr, and has been found also for other metal

surfaces [46]. Nevertheless, this process is accompanied by some thermodynamically

stable features, such as vacancy segregation in TiN and formation of bulk oxide-like

structures in Co and CoCr. On the contrary, for pure Cr, oxidation occurs only along a

well-defined energy path, which is close to thermodynamic equilibrium. Under normal

atmospheric conditions, one can expect that oxidation of metals may proceed along a

path bearing features of both thermodynamically stable and metastable cases described

above.

Despite the severe limitations concerning the size and the time scales accessible

by ab initio techniques, quantum-mechanical models of oxidized structures play a key

role in the development of larger-scale simulations of metal or semiconductor surfaces.

For instance, simulations of biomolecular adsorption phenomena on biomaterials sur-

faces involve thousands of atoms (see Fig. 6.16) and require time-scales in the order of

nanoseconds to be spanned. Since these requirements are far beyond the accessibility

of DFT-based MD techniques, the oxidized structure has to be modeled through a sim-

ple and reliable classical interatomic potential. To this aim, some classical potentials

suitable for specific oxide/interface systems have been developed [171,184]. These po-

tentials can be combined with established biomolecular force fields (e.g. AMBER [185])

to study the behavior of oxidized surfaces in different environments. An example is

the study of the interaction between natively oxidized silicon surfaces and water in the
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Figure 6.16: Typical large-scale simulation of an interface between an organic and an inorganic mate-
rial: Albumin adsorption on an oxidized silicon surface (D. Cole and L. Colombi Ciacchi, unpublished
results).

context of hydrophilic wafer bonding [184]. Another one is the atomistic simulation of

the adsorption of a collagen fragment on the same surface [186]. Similar applications

require a parametrization of the potential’s analytical form in order to reproduce rele-

vant properties of natively oxidized surface models (e.g. structure, charge distribution,

surface stresses, and atomic interactions). These can obtained by means of accurate

DFT simulations, as in this thesis.
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[143] L. Reclaru, H. Lüthy, P.-Y. Eschler, A. Blatter, and C. Susz, Corrosion

behaviour of cobalt-chromium dental alloys doped with precious metals,

Biomaterials 26, 4358 (2005).

[144] P. A. Dearnley, A review of metallic, ceramic and surface-treated metals used

for bearing surfaces in human joint replacements, Proc. Inst. Mech. Eng. 213,

107 (1998).

[145] http://www.webelements.com/.

[146] G. Henkelman, A. Arnaldsoon, and H. Jønsoon, A fast and robust algorithm for

Bader decomposition of charge density, Comput. Mater. Sci. 36, 354 (2006).

[147] J. Friedel, The physics of clean metal surfaces, Ann. Phys. 1, 257 (1976).

[148] M. Methfessel, D. Hennig, and M. Scheffler, Trends of the surface relaxations,

surface energies, and work functions of the 4d transition metals, Phys. Rev. B

46, 4816 (1992).

[149] M. Alden, H. L. Skriver, S. Mirbt, and B. Johansson, Surface energy and

magnetism of the 3d metals, Surf. Sci. 315, 157 (1994).

[150] B. Hammer and J. K. Nørskov, Electronic factors determining the reactivity of

metal surfaces, Surf. Sci. 343, 211 (1995).

[151] J. Zimmermann and L. Colombi Ciacchi, Ab initio simulations of the initial

oxidation of CoCr alloy surfaces, inSiDE – Innovatives Supercomputing in

Deutschland 6, 14 (2008).

[152] P. K. Kofstad and A. Z. Hed, High-temperature oxidation of Co-10 w/o Cr

alloys, J. Electrochem. Soc. 116, 224 (1969).

[153] G. C. Wood, I. G. Wright, T. Hodgkiess, and D. P. Whittle, A comparison of

the oxidation of Fe-Cr, Ni-Cr and Co-Cr alloys in oxygen and water vapour,

Werkst. Korros. 11, 900 (1970).

[154] O. Kitakami, Y. Ogawa, S. Yamagata, H. Daimon, and T. Maro, Study on the

surface oxidation of Co-Cr films, IEEE T. Magn. 26, 2676 (1990).

[155] A. Siddle, J. E. Castle, G. Hultquist, and K. L. Tan, Investigation of the initial

reaction of the alloy Co86Cr14 and its constituent metals with oxygen using

secondary ion mass spectrometry, Surf. Interface Anal. 33, 807 (2002).



134 References

[156] D. E. Fowler and J. Rogozik, Oxidation of a cobalt chromium alloy: An x-ray

photoemission spectroscopy study, J. Vac. Sci. Technol. A 6, 928 (1988).

[157] B. G. Demczyk, Oxidation behavior of annealed CoCr thin films,

J. Vac. Sci. Technol. A 11, 1458 (1993).

[158] M. E. Bridge and R. M. Lambert, Oxygen chemisorption, surface oxidation, and

the oxidation of carbon monoxide on cobalt (0001), Surf. Sci. 82, 413 (1979).
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